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General introduction 
In the past 45 years much attention has been paid to semiconductor physics lead­
ing to the development of a huge electronics industry. Initially almost all applica­
tions were based on germanium and silicon. Due to the never ceasing demand for 
higher speed applications and a shift towards opto-electronics the interest in III-V 
semiconductor compounds hots grown enormously resulting in vast improvements 
in preparation techniques such as Metal Organic Vapour Phase Epitaxy (MOVPE) 
and Molecular Beam Epitaxy (MBE). With these techniques sophisticated devices 
such as e.g. quantum well lasers, high mobility transistors, high efficiency solar cells 
and waveguides can be fabricated. 
One of most extensively studied III-V semiconductors is GaAs. Because of ал 
increasing demand for more complicated devices in which e.g. band-gap engineering 
can be applied, ternary compounds (such as Al
x
Gai_
x
As) or even quaternary com­
pounds (such as Al
x
Gai_
x
AsyPi_y) have become more important in semiconductor 
physics and material science. In addition, studies on systems consisting of ultrathin 
layers in which the electrons behave in a quasi zero, one or two-dimensional way 
(such as heterojunctions, quantum wells and quantum dots) have revealed much 
interesting and new physics. However, although very pure materials can be grown 
nowadays, defects and dislocations are always present in the lattice of III-V semi­
conductors. In some cases they originate from the substrate on which the layers are 
grown, whereas in other cases they are a direct result of the growth process due to 
doping or lattice mismatch. Since the influences of these defects and dislocations 
on fundamental properties of semiconductors are not completely understood yet, 
studies of these basic phenomena in bulk materials remain very important. 
This thesis describes three types of semiconducting materials studied using two 
different kinds of techniques. This divides the thesis into two rather different parts. 
The first part describes a method to measure macroscopic quantities from which 
conclusions about the microscopic structure of impurities may be derived. Part 
II deals with direct measurements of microscopic variations by means of spatially 
resolved techniques. 
In part I a study of the effect of DX centres on the transport properties of GaAs 
by means of magneto-transport experiments under hydrostatic pressure is presented. 
The DX centre is an electron state occurring in most III-V semiconductors. It is a 
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direct result of η-type doping impurity atoms. The DX state in GaAs is resonant 
with the conduction band and starts to be occupied when the Fermi-level is very 
high: this occurs in heavily doped n-GaAs. The occupation of DX centres then 
completely controls the conduction and limits the free-electron concentration. Since 
high free electron concentrations and thus heavy η-type doping are needed for some 
device applications, a knowledge of DX centres is of technological importance. In 
addition, the exact origin of the DX centre is not known yet and so, DX centres 
are also interesting from a fundamental point of view. Studies of DX centres are 
presented in chapters 1-4. After the introduction to DX centres given in chapter 1, 
both experiments describing the differences between various donor species (chapters 
2-3) and theory dealing with the influence of DX occupation on the electron mobility 
(chapter 4) are presented. In the experiments, hydrostatic pressure is used to control 
the occupation of DX centres. The theory of electron transport is based on Monte 
Carlo simulations. 
The second part describes spatially resolved PhotoLuminescence (PL) and Op­
tical Beam Induced Current (OBIC) studies of line defects in GaAs and InxGa^xAs. 
A spatially resolved PL study of dislocations in bulk silicon doped GaAs substrates 
is presented in chapter 5. It demonstrates the ability of this method to qualita­
tively determine compositional differences between the crystal matrix and defect 
areas which are created during the growth. Chapters 6-8 describe spatially resolved 
PL and OBIC studies on misfit dislocations in the GaAs-InxGa^xAs lattice mis­
matched systems. The misfit dislocations are formed in these strained systems when 
the layers become too thick to elastically accommodate the strain. The mismatch of 
these layers is used for wavelength adjustment in solid state lasers, since the strain 
shifts the band gap energy. Chapter 6 gives an introduction to the formation of mis­
fit dislocations. PL experiments are presented in chapter 7 and a more theoretical 
OBIC study is described in chapter 8. 
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Part I 
DX CENTRES IN III-V SEMICONDUCTORS 

15 
Chapter 1 
Introduction to DX centres 
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1.1 Basic properties of DX centres 
The incorporation of a substitutional donor atom in III-V semiconductors such as 
(Ga,Al)As gives rise to several electron energy levels of which the DX centre is 
perhaps the most peculiar. This localised metastable state does not behave like the 
shallow hydrogen-like levels associated with the Γ or X minimum which have the 
same lattice symmetry (Л1) as the pure GaAs lattice. For Al
x
Gai_
x
As composi­
tions with χ >0.22> the DX level forms the lowest donor level and it controls the 
conductivity. In this composition range, Persistent Photoconductivity (PPC [1]) is 
observed. Because III-V semiconductors are attractive for fabricating devices such 
as lasers, light-emitting diodes, transistors and solar cells, DX centres have been 
extensively studied in the last 20 years, not only because of their peculiar and in­
teresting properties, but also because an understanding of the physics of this deep 
donor level is necessary in order to determine the usefulness of these materials for 
device applications. The search for an impurity which ensures a large electron con­
centration in Ti-GaAs and n-(Ga,Al)As, which does not depend on the temperature, 
conditions of illumination, or applied voltage (i.e., free from DX centre effects) is 
therefore of great technological interest. 
The energy band diagrams of AlxGai_
x
As:Si as a function of aluminium con­
tent and GaAs:Si as a function of hydrostatic pressure show a similar behaviour (see 
Fig. 1.1); 1% of aluminium corresponds roughly to a pressure increase of 1 kbar. 
From Fig. 1.1 it can be seen that for ι >0.22 or ρ > 20 kbar, the DX centre is the 
lowest energy level. As a result, the maximum achievable doping concentration is 
reached when the Fermi level reaches the DX level. Because the DX centre is a 
direct result of the substitutional donor, the concentration of DX levels equals the 
number of donor atoms and thus all electrons can be trapped. 
In this thesis, results on heavily doped n-GaAs will be presented. The Fermi 
level lies in the conduction band and all donors are ionised at ambient pressure. In 
these degenerate semiconductors the shallow donor levels form an impurity band 
which merges into the conduction band. Therefore, these shallow levels need not be 
regarded as a separate energy level in electron distribution statistics. 
1.1.1 Microscopic origin 
Despite extensive study, the microscopic structure of the DX centre remains con­
troversial. Deep donors were first reported in Ga(As1P) in 1968 [2]. Lang et al. [1,3] 
proposed that the occupation of DX centres is accompanied by a large lattice relax­
ation (LLR) of the donor atom. In order to account for this LLR they suggested that 
the origin of the deep level is a complex formed with the substitutional donor atom 
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(D) and an unknown lattice defect (X), possibly the As vacancy. More recently, 
experimental data have supported the idea that the DX centre is a substitutional 
donor atom which is moved towards an interstitial lattice position. This process is 
different for group IV (e.q. Si, Sn, Ge) and group VI (e.g. Te, Se, S) donors. Ac­
cording to the leading microscopic model for the distorted DX configuration based 
on pseudopotential calculations by Chadi and Chang [4], a group IV donor atom 
moves along a (111) axis towards an interstitial site, where it lies close to three 
group III atoms. In this model a bond between the donor atom and one of its As 
neighbours is broken. In the case of a group VI donor, it is not the donor atom but 
rather one of its group III neighbours which moves towards the interstitial site. The 
calculations show that these configurations are stable provided that the donor traps 
two electrons [4]. Using a qualitative tight-binding model and the assumption that 
only one electron is bound to a DX centre, Morgan [5] has proposed a very similar 
microscopic picture of the donors. Other authors [6,7] have argued that an undis-
torted DX configuration with one electron has lowest energy and thus is favourable. 
However, recent experiments ([8] and chapter 3 of this thesis) have shown that this 
level is probably not the DX level: it is a localised deep Al level which lies close 
1.4 
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Figure 1.1 Energy band minima as a function of aluminium content χ in 
Al
x
Gai_
x
As (a) and hydrostatic pressure in GaAs (b). The energies of the Si 
DX level and Γ-Α1 level are also shown. 
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to the DX level This deep Al level will be discussed in detail in chapter 3 of this 
thesis 
One of the main controversies has been the charge state of the DX centre 
According to several authors [4,9-11] two electrons occupy the DX level [Eq (1 1)], 
leading to a negative U model, where U is the Hubbard electron correlation energy 
d+ + 2e -* DX' , negative U . . 
d+ + e - DX0 , positive U ( > 
The competing model is the positive U model where the DX centre is occupied by 
only one electron [Eq (1 1)] [5,7,12,13] Recently, the negative U model has been 
successfully used m accounting for much of the experimental data [14] This thesis 
also contains unambiguous proof for the negative U model (see chapters 3 and 4) 
Therefore, I will explain the properties of the DX centre in this introduction using 
the negative U model 
The lattice relaxation of the DX centre and some of its properties can be 
described by the configuration coordinate diagram (Fig 1 2) The parabola (CB) 
with energy minimum near Qo represents the conduction band, г e the total energy 
when the DX centres are empty and two electrons are in the conduction band The 
parabola (DX) with energy minimum at QD represents the distorted DX configu­
ration occupied by two electrons In the case of ambient pressure the Fermi level 
lies well below the DX level and all electrons remain in the conduction band If 
pressure is applied, the separation between the Fermi and DX level decreases and 
a transfer of electrons to the DX centres is possible (Fig 1 2b) From Fig 1 2a 
it can be seen that this transfer of electrons can only occur if the capture energy 
barrier EQ IS overcome The same holds for emission of electrons from DX centres 
to the conduction band if the thermal energy of electrons trapped at DX centres is 
smaller than the emission barrier Еъ the electrons are frozen onto the DX centres 
and electrons can only be transferred to the conduction band via optical excitation 
by light with an energy larger than E0?t This is the PPC effect It can be ob­
served when GaAs is subjected to hydrostatic pressure and cooled down, or when 
Al
x
Gai_
x
As with a sufficient aluminium content is cooled down The energy barriers 
are reflected by a characteristic temperature T«, At temperatures above T«,, the 
transfer of electrons between conduction band and DX centres is possible and the 
system is in equilibrium Below Τκ,, the electrons are frozen onto the DX centres 
and the system is metastable 
As a result of the lattice relaxation, the DX level of group IV donors in 
Al
x
Gai_
x
As splits up into at least 4 levels [15], depending on the number of Al 
next nearest neighbour atoms The configuration where the donor atom has zero 
Al next nearest neighbour atoms {DXQ) has highest energy This interpretation 
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is supported by recent deep level transient spectroscopy (DLTS) measurements on 
Si-doped ІПу(А1о.зСао.7)і_
у
Аз [16] which show a new DX level corresponding to Si 
donors with In next nearest neighbours. This dependence on next nearest neighbour 
configuration indicates a fundamental difference between the group IV and the group 
VI donors as their nearest and next nearest neighbour configurations are completely 
different. Therefore, it is reasonable to assume that the properties of the DX centre 
in each case are not alike. 
Results of various experimental investigations have shown that the properties 
of the DX centre in (Ga,Al)As do indeed depend on the donor species involved [17]. 
Although the magnitude of Eox seems to be nearly the same for various donors, 
E0pt and the activation energies ЕЕ and Ec (see Fig. 1.2) exhibit noticeable chemical 
trends [17]. For example, in Al
x
Gai_
x
As (x < 0.4) Si and Sn, in spite of the same 
EDX, have different ЕЕ and Ec, because the Sn donor introduces less distortion to 
the (Ga,Al)As lattice than the Si-related DX centre after electron capture [17,18]. 
(a) (b) 
Configuration Coordinate Configuration Coordinate 
Figure 1.2 Configuration diagram of the DX centre in heavily doped n-
GaAs at ambient pressure (a) and under pressure (b). The short dashed line 
represents the deep Al level. £Όχ is the energy distance from the DX level to 
the Γ conduction-band minimum. The Fermi level E? lies in the conduction 
band for degenerate semiconductors. The other energies are explained in the 
text. 
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These ideas have led to the study of the DX centre in n-GaAs for various donor 
species, using magnetotransport at high hydrostatic pressure. The results of this 
study are presented in this thesis. A detailed study of GaAs doped with Te and Sn 
and comparable measurements for GaAs:Si have been necessary because the DX 
centre parameters for these donor species in n-GaAs are much less well known than 
for (Ga,Al)As due to the fact that the DX centre in n-GaAs is usually a resonant 
state [19]. Hydrostatic pressure must be used to bring the Γ conduction-band min­
imum (and hence the Fermi energy) up to the DX centre, the position of which 
only changes slightly with respect to the valence-band maximum [12,20]. It should 
be emphasised that the relevant parameters (Ì?DX , £Έ > ^с ) cannot be derived by 
simply extrapolating results for (Ga,Al)As [21-23]; for example extrapolation from 
(Ga,Al)As implies that Ε
Ό
χ for GaAs:Te should be 0.12 eV [24], whereas exper­
iments have shown that it must be > 0.5 eV (refs. [20,25] and chapter 2 of this 
thesis). This discontinuity has been observed for other dopants, and again proves 
that the local environment of the DX centre is important. 
Results on Si, Sn and Te DX centres are presented in chapter 2 of this thesis. 
Chapter 3 deals with the Ge DX centre in GaAs, which differs from other donors 
because of its extremely low energy [26]. 
1.1.2 Mobility behaviour and DX centre occupation 
It is obvious that DX centre occupation in heavily doped GaAs under hydrostatic 
pressure has a tremendous influence on the electron mobility since the mobility is 
chiefly determined by ionised impurity scattering. The first experimental results 
were published by Maude et al. [12] and showed a mobility increase when elec­
trons were transferred from the conduction band to the DX level. Maude et al. 
used this increase [27] as an argument against the negative U model of Chadi and 
Chang [4]. They stated that if the negative U model were valid, the mobility might 
be expected to decrease according to the Brooks-Herring theory for ionised impu­
rity scattering [28]: the number of scattering centres would remain constant and 
the number of electrons would decrease, thus leading to an enhanced scattering 
probability. In reply [27], Chadi and Chang argued that the scattering becomes 
less effective because of screening by the charged impurities. More recently, several 
other authors have presented comparable models which could possibly explain the 
mobility increase under the negative U model [29-31]. All these models were based 
on enhanced screening effects due to the charged donor centres. 
However, all these models only give a qualitative explanation of the mobility 
increase under pressure. So far, no model based on the transport mobility behaviour 
under DX centre occupation has been able to distinguish between the negative and 
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positive U models. In chapter 3 the mobility behaviour during the depopulation 
of DX centres at different pressures is shown to give unambiguous proof of the 
negative U model. Furthermore, a model for quantitative calculations based on 
correlation effects between the charged centres in the system is proposed in chapter 
4 of this thesis. Due to Coulomb interactions between charged centres, an ordered 
configuration of occupied and empty DX centres is formed. This ordered system 
of charges scatters less effectively than a random configuration. The model, first 
proposed by Mycielski [32], is shown to give another direct proof of the negative U 
character of the DX centre. 
1.2 Experimental techniques 
As already mentioned above, hydrostatic pressure is an important tool in the study 
of DX centres in GaAs and (Ga^ljAs. In this thesis I present results of magne-
totransport experiments on GaAs under hydrostatic pressure. This means that the 
high pressure equipment has to be suitable for electrical measurements. Because 
the electrical wires form the weak point of a pressure cell, they limit the maximum 
achievable pressure. 
1.2.1 High pressure techniques 
For standard high pressure experiments at low temperatures, a special liquid clamp 
cell has been used. A schematic view of such a cell is shown in Fig. 1.3. The sample 
space is filled with petroleum spirit; the pressure medium is compressed at room 
temperature and then cooled down to 4.2 K. During the cool-down the pressure 
medium becomes frozen. However, the pressure on the sample remains hydrostatic 
during this phase transition, provided that the cooling process is slow enough. The 
pressure is measured by a manganin wire or by an n-InSb manometer. In this 
way, hydrostatic pressures up to 25 kbar (room temperature) and 20 kbar (4.2 K) 
have been reached and determined with an accuracy of ±0.05 kbar. This pressure 
cell has been used in magnetic fields up to 15 tesla in the Nijmegen High Field 
Magnet Laboratory. A disadvantage of the cell is that pressure must be changed at 
room temperature. Therefore, the cell has to be heated up after each experiment. 
This cell has been used for the standard magnetotransport measurements at fixed 
temperatures as presented in chapters 2-4 of this thesis. 
A second pressure cell has been used to vary the pressure at low temperatures 
(down to 30 K). This cell is connected to a gas compressor and the pressure medium 
is He-gas. This cell has been used to study the kinetics of DX centre electron emis-
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Figure 1.3 Schematic view of a liquid clamp cell. The sample is mounted 
in the Teflon cell. The sizes are in mm. 
sion as described in chapters 2 and 3. This kind of cell is more dangerous than the 
liquid cell due to the energy stored by the gaseous pressure medium. Therefore, 
the maximum pressure is limited to about 15 kbar at room temperature. The mea-
surements with the gas compressor have been performed at UNIPRESS in Warsaw, 
Poland, where a pulsed magnetic field of 0.5 tesla was available. 
1.2.2 Magnetotransport measurements 
The samples used for magnetotransport measurements have been processed into a 
Hall bar shape. This allows the performance of two different types of measurements 
during each experiment in the liquid cell. By measuring the Hall voltage as a function 
of magnetic field and the resistance without field, the Hall electron concentration 
and mobility are determined. By measuring the diagonal magnetoresistance as a 
function of magnetic field up to 15 tesla, the Shubnikov-de Haas (SdH) effect is 
observed. From the period of the SdH oscillations the electron concentration can be 
determined and compared with the Hall concentration. The amplitude of the SdH 
oscillations gives the Dingle temperature which in turn gives the quantum mobility; 
this is not the same as the Hall mobility. The differences between these parameters 
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and details of the SdH effect are given in chapter 4. With the gas compressor, only 
low magnetic fields are available and therefore, only Hall measurements have been 
performed. 
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2.1 Introduct ion 
In chapter 1 the importance of studies of the properties of the DX centres associated 
with the various donor species has been discussed. This has led to the study of the 
pressure dependences of the electrical conductivity, Hall coefficient and Shubnikov-
de-Haas effect for n-GaAs heavily doped with Si, Sn and Te reported in this chapter. 
The results demonstrate that the energy level related to the DX centres formed by 
these donors is resonant and degenerate with the conduction band of GaAs. The 
energy separation of the GaAs conduction-band minimum and the DX centre (Eux) 
for the Sn donor has been found to be similar to those of the Si- and S-related DX 
centres, whereas .Еох(Те) is much greater. An analysis of the sample recovery after 
pressure-induced freeze out of electrons onto the DX centres has enabled the energy 
barrier for electron emission from the Sn-related DX centre to the conduction band 
and the barrier for electron capture by the DX centre, the inverse process, to be 
determined. Both energy barriers (illustrated in Fig. 1.2) are small compared to 
those associated with Si- and S-donor induced DX centres. The values for Ες,χ (for 
Sn and Те) and the barrier sizes (for Sn) presented in this chapter for donors in 
GaAs are found to be rather different than the equivalent energies in (Ga,Al)As, 
and this difference is interpreted as evidence that the local environment of the DX 
centre (Ga only or Al/Ga) strongly influences its properties. Finally, the results 
lead to the conclusion that Те is the most effective dopant from the point of view of 
elimination of the DX centre-like properties of donors in heavily doped GaAs. 
2.2 Samples 
Five samples doped with Si, Sn and Те, leading to Hall electron concentrations 
(пн) higher than тін=3х1018 cm - 3 were used. Details of the five samples are shown 
in Table 2.1. Two of the samples (nos. 2 and 3) were also characterised using the 
Table 2.1 Sample characteristics: type of donor and Hall concentration of 
electrons, тгн- "н is measured at the temperature indicated between brackets. 
No. j 1 
Donor 
Пн 
(1018cm-3) 
Sn (bulk) 
3 (295K) 
2 
Sn (MBE) 
12 (295K) 
13 (77K) 
3 
Te (MBE) 
5.5 (77K) 
4 
Te (bulk) 
7 (77K) 
5 
Si (MBE) 
6.9 (77K) 
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Shubnikov-de-Haas effect at fields up to 15 Τ and at various pressures (T=4.2 K). 
In this way an absolute determination of the electron concentrations was obtained 
and used to correct the Hall concentrations for systematical deviations of the sample 
thicknesses. 
2.3 Method of analysis 
As mentioned in section 1.1.1, the application of hydrostatic pressure modifies the 
GaAs band structure, raising the Г-point conduction-band minimum with respect to 
the DX centre. The carrier concentration starts to decrease [1] after the Fermi level 
Ep coincides with the energy of the deep donor state, Εοχ. A transfer of electrons 
between the conduction band and DX centre (and vice-versa) is possible only if the 
thermal energy of the electrons exceeds the energies ЕЕ and Ec of the potential 
barriers (see Fig. 1.2). At the corresponding temperatures, a decrease in пн with 
increasing pressure is interpreted as electron capture by the DX centre; the exact 
pressure at which this starts depends on the separation of the Fermi energy and DX 
centre. Moreover, since the electron distribution involves all three conduction-band 
minima Г, L and X (important if the samples are heavily doped and if the applied 
pressure is high), the experimentally determined Hall concentration of electrons can 
be a complicated function of the electron concentration and their mobilities in the 
three minima, and of the applied pressure. However, since this only is important 
for sample 2 subjected to pressures above 15 kbar, the influence of the higher band 
minima has been neglected in this thesis. 
In chapter 1 it has been pointed out that the negative U model has been suc­
cessfully used in accounting for much of the experimental data. This negative U 
property of DX centres will be unambiguously proven in chapters 3 and 4. There­
fore, the appropriate statistics for the negative U model must be applied in calcu­
lating the pressure variation of Ep, Eox and dEux/dp. The following formula is 
used to relate пн, Εοχ and Ер [2], where all energies are measured with respect to 
the conduction-band edge: 
_ l-exp[2f l (E F -E D x)] 
П н
 " D : — t^WB Б—vi ~ " A (2.1) 
1 + exp[2ß{EF - Ε
Ό
χ)] 
where І ^ and 7VA are the concentrations of donor and acceptor impurities and 
0 = l/feßT. In the calculations, all the band-structure parameters for GaAs were 
taken from ref. [3]. Moreover, the effect of band non-parabolicity has been taken 
into account according to ref. [4]. In all the samples JVD >> N\, so that N^ 
has been taken to be zero in all the calculations. EDX then can be determined 
by fitting the experimental Пн vs. ρ curve to Eq. (2.1). To determine EQX at 
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low temperatures, the pressure variation of тін was measured at 4.2 and 77 K. 
The experimental procedure consisted of applying the pressure at 295 К and then 
cooling to the measurement temperature. The variation of пн with pressure at 4.2 
and 77 К is similar to that observed at 295 K; however, as will be shown below, 
the metastability effect means that the thermal transfer of carriers between DX 
centre and conduction band ceases at the freeze-out equilibrium temperature T
eq, 
so that the values of тін obtained at low temperatures are determined by Ε^χ at 
T=TK I. For electrons transferred by the application of hydrostatic pressure at high 
temperature onto DX states associated with a lattice relaxation, the release of the 
pressure below the characteristic temperature T«, does not result in a change in тщ. 
One can thus use High Pressure Freeze Out (HPFO) of electrons onto DX states 
to achieve a persistent modification of тщ; this method was first used to study DX 
centre behaviour in InSb:0 [5]. 
In order to determine E^, the method pioneered by Piotrzkowski et al. [6] 
was used, in which a maximum pressure of 15 kbar is applied at room temperature, 
and then released at a temperature below T«,. The temperature is then raised at 
a known rate (usually 1-2 К /min); as sufficient thermal energy becomes available 
for electrons to transfer over the emission barrier characteristic of the DX centre, 
the carrier density starts to rise. The пн versus Τ curve is calculated using E^ 
as a fitting parameter, in order to fit the experimental data. The calculations are 
performed assuming that there are no capture processes. The kinetics of the process 
are assumed to take the following form [6]: 
^ = - a m (2.2) 
where m=(No—пн)/2 is the concentration of the occupied centres and α is a ther­
mally activated emission coefficient, a = .4Т2ехр(—ЕЕ/ІСТ), where Л is a pre-
exponential factor. At constant temperature this leads to exponential kinetics : 
m = m(to)exp(—t/τ), with r = l / a . The theoretical "heating curve" is given by the 
expression [6]: 
n(T) = no - [ П 0 ~ π ΐ ] x exp [- ƒ o(T)/«b(T)dT] , (2.3) 
where щ and щ are the final and initial carrier concentrations respectively, and 
h^ = dT/dt is the actual heating rate. In this way the experimental dependence of 
пн(Т) can be reproduced, revealing EE [6]. 
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2.4 Results and Discussion 
2.4.1 GaAsrSi 
Results for the GaAsrSi sample, exhibiting HPFO, are shown in Fig. 2.1; the increase 
of pressure to 14 kbar at room temperature leads to transfer of electrons to the 
DX centre and a decrease of пн, whereas releasing the pressure at 77 К causes no 
equivalent increase in пн- Fig. 2.2 shows the depopulation of the Si DX centres by 
heating up after a HPFO cycle. It can be seen that the value at which the DX centres 
start to be depopulated, i.e. T«,, is about 110 K. This value is comparable to that 
measured for the S DX centre [6]. This means that the value for the energy of the 
Si DX centre and its pressure dependence as obtained from Fig. 2.1 and Eq. (2.1) 
according to the procedure described in the previous section are £DX — 0-27 eV 
at ПО К and dEo\/dp ^-9 meV/kbar respectively, in agreement with previous 
results [1,2]. 
For the data in Fig. 2.2 from the GaAs:Si sample, the fitting procedure with 
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Figure 2.1 Hall concentration of electrons as a function of hydrostatic pres­
sure applied at 295 Κ (ν) for the GaAs'.Si sample (sample no. 5, MBE, 
7i=6.9xl018cm~3). The squares (Ü) at 77 К were obtained after cooling of 
the sample at p=14 kbar, followed by decreasing pressure (after ref. [12]). 
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Figure 2.2 Hall concentration of electrons measured at p=0, during heating 
of the same sample shown in Fig. 2.1 (v)· The decrease in пн was induced by 
high pressure freeze out at 14 kbar. The squares (•) illustrate the temperature 
dependence of пн measured after cooling the sample at ambient pressure. 
Eq. (2.3) yields £ E = 0 . 3 3 eV at ρ = 0, in agreement with other workers [6,7]; by way 
of comparison ЕЕ changes discontinuously to 0.44 eV for (Ga,Al)As ( [6]; the result 
does not depend on Al content), indicating the importance of the local environment 
of the DX centre. 
Having demonstrated these effects for the GaAs:Si sample, I shall now turn 
my attention to the results for GaAs:Sn and GaAs:Te. 
2.4.2 GaAs:Sn 
Figs. 2.3 and 2.4 illustrate the variation of пн with pressure for GaAs:Sn (MBE-
grown, пн=1.2х1019 cm - 3 , sample 2, compare ref. [1]). At T=77 К the equilibrium 
population of the Sn DX centres is still possible, as indicated by the quasi-reversible 
behaviour of the electron concentration at this temperature (Fig. 2.3). The tem­
perature Teq at which the DX centres are frozen out lies between 35 and 77 K, as 
indicated by Fig. 2.4; this means that T
eq is much lower compared to the case of Si. 
Therefore, the determination of the DX centre energetics at 77 К becomes more 
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Figure 2.3 Hall concentration of electrons as a function of increasing pres-
sure (v, at 295 K) and decreasing pressure (Ü, at 77 K) for the GaAs:Sn 
sample (sample no. 2, MBE, π=1.2χ1019αη_3). 
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Figure 2.4 Hall concentration of electrons as a function of increasing pres­
sure (O, at 77 K) and decreasing pressure (Οι at 35 K) for the same sample 
shown in Fig. 2.3. Releasing a pressure of p=4 kbar at Τ «35 К does not 
change пн-
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straightforward for the Sn DX centre, and so a measurement of пн versus pressure 
at 77 К yields the value of Е^к at this temperature. Using again the method de­
scribed in the previous section, £πχ(8η) was determined to be about 0.34 eV at 
295 К and 0.32 eV at 77 K; the energies for the more lightly doped sample 1 are 
roughly the same [8]. The decrease of £DX with decreasing temperature is caused 
by the increase of spatial ordering with decreasing temperature [8]. 
Fig. 2.5 illustrates that one has to lower the temperature to about 30 К to make 
the energetic barrier of the Sn DX centre operative. Therefore, in order to perform 
the HPFO procedure (and observe PPC) one has to decrease the temperature by 
approximately 70 К with respect to samples with Si-related (c.f. Fig. 2.2) and S-
related [6] DX centres. This result shows that the barrier for electron emission from 
DX centres to the conduction band is significantly lower for GaAs:Sn. 
The technique of controlled sample warming after HPFO was once again used 
to measure £Έ, [Fig. 2.5 and Eq. (2.2)] yielding i?E(Sn)=70 meV at p=0, in con­
trast to the significantly larger values for Si- and S-donors (compare Figs. 2.5 and 
2.2). Whilst noting that DLTS spectra in lightly-doped GaAs at pressures close to 
30 kbar revealed Е Е ( З П ) = 0 . 1 6 eV at 28 kbar, whereas equivalent measurements for 
Te, Ge, Si and S gave 0.23 eV (31 kbar), 0.28 eV (20 kbar), 0.32 eV (28 kbar) and 
0.39 eV (31 kbar) respectively [9], already suggesting that the Sn-related DX centre 
is more weakly coupled to the lattice, one really needs ambient pressure data of the 
type obtained in this work to reliably characterise the donor. Using the equation 
•EDXH-E-C — EE\ gives an Ec{Sn) of about 0.4 eV, again a rather small barrier energy, 
suggesting a relatively small coupling between the Sn-related DX centre and the 
GaAs lattice. 
The different behaviour of the Si- and Sn-donors, both group-IV elements, is 
not surprising. According to both microscopic charge state models of the DX centre 
mentioned in section 1.1.1 [10,11], the chemical nature of the donor substituting Ga 
in GaAs is likely to cause a variation in the properties of the DX centre. 
In order to obtain another proof of the low magnitude of the barriers for 
electron emission and capture for the Sn-related DX centre in GaAs, the effect of 
PPC was observed using the bulk sample (sample 1; пн=3х10 1 8 cm - 3 ); the PPC-
induced increase in пн at high pressures is the counterpart phenomenon to the 
HPFO, and is another demonstration of the metastable nature of the DX centre. 
After applying a pressure of 21 kbar at room temperature the sample was cooled 
down to 4.2 K. Under illumination from a red LED at this temperature for 1 hour, 
the electron concentration in the conduction band increased gradually in a persistent 
manner. The sample temperature was then raised in the dark (at p=20 kbar). As 
can be seen in Fig. 2.6, пн achieves its equilibrium value in the region of 40-50 K. 
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during heating of the same sample shown in Fig. 2.4 (v) · The decrease of тін 
was induced by HPFO at 4 kbar as demonstrated in Fig. 2.4. The squares 
(O) illustrate the temperature dependence of пн measured after cooling the 
sample at ambient pressure. 
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Thus, though both energetic barriers are involved in the electron concentra­
tion redistribution, and in spite of the fact the the measurement was performed at 
20 kbar, the characteristic temperature is still low, and shifted down with respect 
to the recovery region for PPC in GaAs:Si (90-100 K) [12] measured under similar 
conditions. 
2.4.3 GaAs:Te 
Recent transport measurements on heavily doped GaAs:Te (пн=5.5х1018 cm - 3, 
T=77 K, sample 3) revealed only a small decrease in the Hall concentration of 
electrons with pressure (up to 25 kbar at T=295 K) [2,13]. It was suggested [2] that 
the effect observed was possibly due to carrier transfer to the subsidiary minima 
of the conduction band, suggesting that the Te-related DX centre was high above 
the GaAs Г conduction-band minimum. A simple estimate of £Όχ a,t high pressure, 
assuming that DX state population starts above 17 kbar and that dEnx/dp for Те 
is similar to that for other dopants (about —10 meV/kbar, Τ «77 К) [2], situates 
the DX level at least 0.4 eV above the Г conduction-band minimum (at ambient 
pressure). 
In order to assess whether the DX centre actually forms in GaAs:Te, our ini­
tial studies focussed on the Shubnikov-de-Haas effect (T=4.2K) as a function of 
pressure in the MBE grown sample of GaAs:Te (sample 3). The resulting electron 
concentration, 7i
a
=5.5xl018 cm - 3 , calculated from the oscillation period of the mag-
netoresistance, corresponds to the carrier density in the Г minimum only. As can be 
seen in Fig. 2.7, no changes in n, accompany the pressure induced modification of the 
conduction band up to 15.6 kbar. After obtaining this negative result it was decided 
to increase the applied pressure to 20 kbar at low temperatures and to use a sam­
ple with a higher carrier concentration (sample 4). Fig. 2.8 illustrates the pressure 
variation of пн and electron mobility measured in this sample. For pressures higher 
than 17 kbar пн exhibits an additional decrease which suggests that in addition to 
the electron transfer to the subsidiary minima of the conduction band, carriers start 
to be captured by the DX state. This interpretation is supported by the behaviour 
of the mobility in the same pressure region; after a large decrease in the lower pres­
sure region, due to changes of the effective mass, the mobility tends to saturate in 
a manner analogous to the mobility increase accompanying the transfer of electrons 
onto DX states observed in GaAs:Si and GaAs:Sn [1,2,14-16]. We can use Eq. (2.1) 
and the above mentioned assumption about the pressure dependence of the DX 
level to give £DX « 0.5 eV (at T=77K) for the Te-related DX centre in GaAs. A 
recent study on GaAs:Te with an initial free carrier concentration of 1.2xl018cm_3 
has confirmed that it is possible to occupy the Те DX centre in GaAs [17]. The val-
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Figure 2.7 Electron concentration (·) as a function of pressure as deter­
mined from the Shubnikov-de-Haas effect at T=4.2 К for GaAs:Te (sample 
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ues reported for Ε0χ and άΕΌχ/άρ are 0.41 eV and -9.5 meV/kbar respectively [17]. 
However, due to the high pressure required for DX centre occupation in GaAsiTe, 
the gas-compressor cannot be used to reveal the value for EE(Te). Similar experi­
ments to those illustrated in Fig. 2.6 have shown that T«, « 80 К for the Te DX 
centre [17]. 
In contrast, Те introduces a resonant DX state characterised by Ε
Ό
χ=0.12 eV 
in (Ga,Al)As with a small Al content [18]. It is believed that this difference between 
the Te-related DX centre in GaAs and that in (Ga,Al)As reflects the different 
configurations of the cations surrounding the DX centre in the GaAs and (Ga,Al)As 
crystals respectively. 
2.5 Summary and Conclusions 
Magneto-transport studies of GaAs:Si, GaAs:Sn and GaAs:Te have been performed 
under hydrostatic pressure in order to determine the energy £Όχ between the GaAs 
conduction-band edge and the DX centres caused by Si, Sn and Те donors. For 
the GaAs:Si and GaAs:Sn systems the magnitude of the energy barrier for electron 
emission ЕЕ (capture Ec) from DX-sta.te to the conduction band (from the con­
duction band to DX centre) have also been found. A summary of the results is 
presented in Table 2.2. The results have enabled a comparison of the properties of 
the DX centres related to Si, Sn, S and Te donors in heavily doped GaAs to be 
made, and the following aspects of the results are emphasised: 
Table 2.2 Summary of the characteristic energies of the Si, Sn and Te DX 
centres. 
No. 
1 
2 
4 
5 
Donor 
Sn 
Sn 
Te 
Si 
Accuracy: 
£DX 
(eV) 
0.35 (295K) 
0.30 (77K) 
0.34 (295K) 
0.32 (77K) 
»0.5 (77K) 
0.27 (110K) 
±0.02 
d^Dx/dp 
(meV/kbar) 
-14 
-9 
-13 
-11 
-9 
±2 
ЕЕ 
(eV) 
0.07 
0.33 
±0.02 
Ec 
(eV) 
0.39 
0.60 
±0.02 
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1. EQX is similar for GaAs doped with Si, Sn and S, and is around 0.3 eV at 
TsslOOK. 
2. In the case of Te in GaAs, a localised, resonant state degenerate with the 
conduction band, identifiable with a DX centre as in the case of the other 
donors is formed; however £ох(Те) is significantly larger than for Si, Sn and 
S, and is around 0.55 eV (see [17]). 
3. The £DX'S for Sn and Те in GaAs are much larger than would be deduced from 
results extrapolated from Al
x
Gai_
x
As. This suggests that the local vicinity of 
a donor forming a DX centre (i.e. the relative number of Ga and Al cations) 
is an important factor in determining the DX centre properties. 
4. The emission and capture energies (£Έ and Ec) for the DX centre in GaAs:Sn 
are smaller than those in GaAs:Si. In addition, the emission barrier charac­
terising the Sn-related DX state in GaAs is much smaller than the barriers 
determined in (Ga.A^As [19]. The latter tendency has been noted earlier for 
the Si-donor and explained by the influence of the local vicinity of the donor 
(see e.g. [7,20]). 
5. The different behaviour of DX centres originating from different donors (par­
ticularly S- and Te-related centres) is important information in the verification 
of the microscopic models proposed for this important impurity centre. 
Finally, we believe that these findings are very important for device-related 
applications of n-GaAs. From this point of view, the Sn donor appears to be superior 
to Si and S dopants, as the effects of the non-equilibrium occupancy of the DX 
states occur in a much lower temperature region: however, note that there can 
be crystallographic difficulties associated with Sn as a donor in MOVPE grown 
GaAs [21]. Te represents the best candidate as a useful donor for electronic devices 
made from heavily doped GaAs and operating at low temperatures. Due to the 
large value of £DX, the effects of non-equilibrium redistribution of electrons between 
DX states and the conduction band of GaAs (detrimental to the low temperature 
operation of electronic devices [22]) could be eliminated, even for very high Te 
concentrations (n > l x l 0 1 9 c m - 3 ) at ambient pressure. Thus, one can use doping of 
GaAs by Te as an alternative, superior procedure to doping with other group-III 
and -V elements proposed by Chadi and Chang [10]. 
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Chapter 3 
Unusual behaviour of the Ge DX centre in 
GaAs: coexistence of two localised donor states 
42 chapter 3 
3.1 Introduction 
In both previous chapters the DX centre and some of its peculiar properties such as 
charge state, energy position and emission/capture barrier energies have been dis­
cussed. The charge state of the DX centre has been the subject of much controversy 
(see section 1.1.1). Although the negative U model (with a negatively charged DX 
centre) has been successful in accounting for much of the experimental data, the 
influence of the DX centre on the electron mobility has remained an open question 
with no one model (negative or positive U) being able to describe the data unam­
biguously. However, this question will be unambiguously answered in this and the 
following chapter. 
An additional interesting phenomenon is manifested in InSb, where at least one 
other deep donor level beside the DX centre can be observed [1-3]. This donor level 
has Al symmetry, which results in an anticrossing with the shallow Г-Л1 level [3] 
when pressure is applied. Wasilewski et al. [4] also observed these anticrossing ef­
fects for the Ge donor in GaAs in far-infrared (FIR) magnetooptical experiments 
at a pressure of around 9 kbar. Similar, but less explicit effects have been observed 
for other donor species [5-8]. These experiments have been performed with unin­
tentionally doped, pure samples in which no effects of DX centres could be seen. 
Although the results for InSb and the FIR results for GaAs indicate that the DX 
centre and the localised deep Al level might coexist in GaAs, no direct proof has 
been found in previous work: however, in a paper by Skuras et al. [9], the presence 
of a localised non-metastable resonant Si-donor state was suggested to account for 
a number of missing electrons in delta doped GaAs under hydrostatic pressure. 
In this chapter low field magnetotransport measurements on heavily doped 
GaAs:Ge under hydrostatic pressure are presented. Ge is rarely used as a donor 
because of its amphoteric character [10] and its rather low solubility [11]; the low 
energy position of its DX centre [12] also makes it an unattractive dopant for devices 
in which heavily η-doped material is needed. However, Ge is interesting from a 
fundamental point of view as it lies between the extensively studied donors Si and 
Sn in group IV of the periodic table. For the first time, in this chapter the coexistence 
of the deep localised Al level and the DX centre for germanium in GaAs has been 
observed. This holds for all three samples studied in detail so far. Beside the energy 
positions (ED\ and ^ді) and pressure dependences (dfiox/dp and dEAl/dp) of both 
levels, the energy barrier ЕЕ for the electron emission (see Fig. 1.2) from the Ge DX 
centre has also been determined. From the mobility behaviour during depopulation 
of the DX centres, the charge states of both levels have been confirmed, thus giving 
unambiguous support to the negative U model. The chapter concludes with a review 
of the anomalous character of the Ge donor in GaAs. 
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Table 3.1 Sample characteristics at ambient pressure. Growth tempera­
ture, Hall mobility and electron concentrations of several GaAs:Ge samples 
at T=4.2, Γ=77 and Г=295 К. 
Sample 
1056 
1053 
1061 
1055 
1057 
T g r (
0C) 
600 
650 
610 
620 
585 
пн (10lecm-3) 
295 К 77 К 4.2 К 
0.4 0.5 0.5 
0.6 0.6 0.7 
1.7 1.9 2.3 
2.1 2.5 2.8 
2.9 3.6 3.6 
μ
Η
 (cm2/Vs) 
295 К 77 К 4.2 К 
2330 2626 1913 
1909 2116 1852 
1305 1561 1489 
1261 1560 1544 
1121 1646 1643 
3.2 Samples 
The samples were grown in an atmospheric pressure Metal Organic Vapour Phase 
Epitaxy (MOVPE) reactor. GeK^ was used as Ge-source. Germanium incorporated 
in GaAs grown by MOVPE is well known to act as a donor [13,14]. Sample charac­
teristics are given in Table 3.1. All sample thicknesses were about 2 μτη. In order to 
calibrate the sample thicknesses the Shubnikov-de Haas (SdH) effect was measured 
at p=0 and T=4.2 K. Exact thicknesses were determined by comparing electron 
densities derived from the SdH effect with the Hall densities. Finally, the presence 
of a shallow donor level which is attributed to the Ge shallow donor level was ver­
ified using standard photoluminescence techniques at T=4.2 К [15]. Three of the 
samples (1056, 1053 and 1061) were studied in detail using the pressure techniques 
described in section 1.2.1. 
3.3 Results and Discussion 
3.3.1 Coexistence of DX centre and deep Al level 
Fig. 3.1 shows the carrier concentration behaviour during a High Pressure Freeze-
Out (HPFO) cycle. First the pressure is increased at T=295 K, then the sample is 
cooled to T=77 К and finally the pressure is released. Similar plots are expected 
if even lower temperatures are used. It can be easily seen that the quasi-reversible 
decrease of the concentration is due to a non-metastable energy level which must be 
the deep Л1 level. The final carrier concentration at p=0 is even higher than the 
starting value. This indicates that at p=0 the deep Al level is already very close 
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to the Fermi level. The same effect can be seen in Table 3.1 which shows that the 
ambient pressure carrier densities increase as a function of decreasing temperature. 
Due to broadening of the Fermi distribution function at T=295 K, more electrons 
will occupy the Al level, leading to a lower free carrier concentration at T=295 К 
compared to T=77 and 4.2 K. 
Another proof for the existence of the non-metastable deep Al level is the ab­
sence of PPC effects at 2.2 К and 10 kbar. This means that electrons are transferred 
by optical excitation from the DX centres to the deep Al level which is in equilib­
rium with the conduction band. Further evidence is given by Fig. 3.2 which shows 
the mobilities of all samples from Table 3.1 as a function of their carrier densities 
at ρ = 0 and Τ = 4.2 К. The increase of mobility as a function of carrier density for 
the most heavily doped samples 1055 and 1057 indicates that already at ambient 
pressure, the deep Al level starts to be occupied by electrons. In GaAs doped with 
e.g. Si, no such increase is seen [16] because the deep Al lies at much higher energy 
and remains unoccupied until pressures of about 30 kbar [5-8]. 
Having shown the existence of the non-metastable Л1 centre, I now turn to 
the DX centre, the presence of which is demonstrated by the metastability of the 
2.0 
E 
1.8 и 
— ι ' г 
ν T=295K 
о T=77K 
2 4 6 
Pressure (kbar) 
Figure 3.1 Hall concentration of electrons as a function of hydrostatic pres­
sure pressure applied at 295 К (triangles) for sample 1061. The squares at 
77 К were obtained after cooling of the sample at p=6 kbar. The solid lines 
are guides to the eye. 
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Figure 3.2 Hall mobility as a function of electron concentration for the 
samples of Table 3.1. p=0 and T=4.2 K. The solid line is a guide to the eye. 
carrier density. Fig. 3.3 shows the effect of the depopulation of DX centres at p=0 
and 4 kbar. After a HPFO cycle, a temperature increase to Τ >85 К provides the 
electrons at the DX centres with sufficient thermal energy to overcome the potential 
barrier, resulting in a sudden increase in carrier concentration. The background 
slopes are caused by the temperature dependence of the Al occupation. 
3.3.2 Emission barrier energy 
From the analysis of the kinetics of the emission process (section 2.3 and ref. [17]) 
shown in Fig. 3.3, a value for £ E of 0.285 eV is determined. This value is smaller than 
that reported in chapter 2 of this thesis for Si in GaAs (0.33 eV) and larger than 
that for Sn (0.07 eV), hardly surprising considering the positions in the periodic 
table of these three group IV elements. The depopulation of DX centres after a 
HPFO cycle measured at 4 kbar starts in the same temperature range as at 0 kbar 
(Fig. 3.3) indicating that ЕЕ does not depend much on pressure. This also explains 
the good agreement between the value we have found (0.285 eV) and that of [12] 
at p=20 kbar (0.28 eV). The pressure independence of £Έ for the Ge DX centre in 
GaAs confirms that this feature is specific for group IV donors, whereas the group 
VI donor induced DX centres do show a strong pressure dependence of ЕЕ [17]. 
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Figure 3.3 Hall concentration of electrons measured at (a) p=0 (b) 
p=4 kbar, during heating of the sample 1061 (triangles). The decrease of 
пн was induced by high-pressure freeze out at (a) 6 kbar (b) 9 kbar. The 
squares illustrate the temperature dependence of η# measured after cooling 
the sample at (a) p=0 (b) p=4 kbar. The circles in (a) show the effect of 
subsequent LED pulses after high-pressure freeze out at p=6 kbar. 
3.3.3 Energy posit ions and pressure dependences 
In order to estimate the energies of the DX level and the Al level a series of 
HPFO cycles at different pressures (all comparable to Fig. 3.1) which all induce 
different DX occupations has been performed. The DX centre occupation has been 
determined by the temperature or PPC induced increase of the carrier density after 
each HPFO cycle. The electron densities at the Al levels have been derived from 
the пн curves measured during pressure release after a HPFO cycle. The results 
are shown in Fig. 3.4. From the occupation of the deep Al level at different freeze-
out pressures, its energy position and its pressure dependence can be determined 
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Figure 3.4 Electron concentrations at the deep Al levels measured during 
pressure release after HPFO at different freeze-out pressures. The numbers 
between brackets are the values for No (in 1018cm-3) as used in Eq. (3.1). 
The triangles indicate the number of electrons at DX centres as a function of 
pressure. The dashed/solid line reflects the total number of electrons in the 
system. 
directly from Fermi Dirac statistics of an energy level occupied by one electron: 
exp[-/?(£;F - £;A1)] 
пн = No 
2 + ехр[-/?(£
Р
-£
А 1 )] 
- WA (3.1) 
where /?=1/кТ, Ер is the Fermi energy, Νο is the total number of electrons to be 
distributed among the conduction band and the deep Al levels and NA is the number 
of compensating acceptors. The influence of і д will be discussed in a forthcoming 
paper. Obviously ΛΌ depends on the number of occupied DX centres and thus 
on the freeze-out pressure. Using Eq. (3.1), it is found that £Άι and dE^i/dp are 
0.066 eV and —6.9 meV/kbar respectively. These values correspond reasonably well 
with the values from ref. [4] (0.1 eV and —8.6 meV/kbar) which were measured for 
residual Ge donors in very pure GaAs. All energies and pressure dependences are 
calculated with respect to the bottom of the Γ conduction band. 
Once the occupation of the Л1 level is known, EDX and dEox/dp can be 
determined. To achieve this, the following expression for the carrier density with 
two coexisting levels involved [18] was used, assuming that the DX centres capture 
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two electrons: 
„
 =
 дг 1 - exp[-2/3(£DX - EF)] 
П н D 1 + 2exp[-/3(£A1 - EF)} + exp[-20(EDX - EF)} [á-¿) 
where Ν
Ώ
 is the total number of Ge donors. The temperature used in fitting the 
experimental пн vs ρ curve to Eq. (3.2) was 95 К at which the electrons start to 
be frozen onto the DX centres (see Fig. 3.3). As a result, Едх and dEox/dp are 
0.105 eV and —10 meV/kbar respectively. The value for EQX is indeed very low 
compared to those of Si and Sn (0.3 eV, see chapter 2). The value for dEox/dp is 
comparable to those for Si and Sn (—9 and —11 meV/kbar respectively, see chapter 
2)· 
3.3.4 Mobility behaviour during DX centre depopulation 
The effect of the depopulation of DX centres on the electron concentration was 
shown in Fig. 3.3: the mobilities during the depopulation at ρ = 0 and 4 kbar are 
plotted in Fig. 3.5a and 3.5b. The difference between the two cases is obvious: at 
p=0, the mobility decreases when the electrons are emitted from the DX centres, 
whereas at p=4 kbar the mobility increases. This can be explained by the differ­
ence in redistribution of the electrons. An electron can be transferred either to the 
conduction band or to a deep Al level. The energy of the deep Л1 level is much 
higher at p=0 than at p=4 kbar. Therefore, one can conclude that in the case shown 
in Fig. 3.5a, electrons are mainly transferred to the conduction band, whereas in 
Fig. 3.5b electrons are more likely to end up in an i41 level. The mobility decrease 
seen during depopulation at p=0 kbar is very common for these kind of experiments 
when only DX centres are involved. It can be explained by destruction of the cor­
relation between charged centres in the system [19,20], and holds for the positive U 
model, in which the occupied DX centre is uncharged, as well as for the negative U 
model. However, in this chapter, the mobility increase accompanying the depopu­
lation at 4 kbar (Fig. 3.5b) provides us with an unambiguous proof of the negative 
U character of DX centres. In this case, a relatively large number of Al levels 
will be occupied before and after the depopulation of the DX centres. This means 
that the correlation will be dominated by the neutrally charged occupied Al levels 
and thus will not change significantly. The increase of the mobility thus can only 
be explained by the a decrease of the number of charged scattering centres. If an 
electron is transferred from a DX centre to a deep Al level, this decrease can only 
be achieved if the DX centre is negatively charged (i.e. negative U) and the deep 
Al level is neutral. If the DX centre had a positive U character one would expect 
a decrease in mobility because some of the occupied DX centres (neutral) would be 
changed into positively charged ionised donors whereas the majority will be replaced 
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Figure 3.5 Hall mobility of electrons measured at (a) p=0 (b) p=4 kbar, 
during heating of the sample 1061 (triangles). The decrease of μα was induced 
by high-pressure freeze out at (a) 6 kbar (b) 9 kbar. The squares illustrate 
the temperature dependence of μκ measured after cooling the sample at (a) 
p=0 (b) p=4 kbar. The circles in (a) show the effect of subsequent LED pulse 
after high-pressure freeze out at p=6 kbar. 
by other neutral particles (occupied A\ levels). In this case the number of charged 
particles will be slightly enhanced, leading to a mobility decrease. Therefore, one 
can conclude that the DX centres really does have a negative U character, support­
ing the proposal of Chadi and Chang which has successfully explained much other 
experimental data [21]. It must be noted that from our experiments it is impossible 
to deduce the exact process of DX centre depopulation. Either it gives both its 
electrons to two neighbouring donor atoms, or it emits just one electron to become 
a deep Л1 level itself. 
3.3.5 Chemical nature of the Ge donor in GaAs 
The energy positions of the Ge DX centre and the Ge deep Al level are very low 
compared to other donor species. In addition, the shallow donor level for Ge is lower 
than for other donors. In this section I will discuss these and some other anomalous 
behaviour of the Ge donor. 
It was found by Golubev et al. [22] that the spin splitting of the ls-2p tran-
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sitions for the shallow Ge donor level differs significantly from that of other donor 
species (S, Sn and Si) [22,23]. However, the binding energies of all these donors, 
including Ge, are almost equal [23]. It was suggested that this could be explained by 
interaction of the shallow level with a deep resonant level of the Ge donor. If these 
deep levels are close in energy to the bottom of the conduction band, they could 
influence the non-paxabolicity and anisotropy of the electron energy spectrum [23]. 
It is still not clear whether the deep .41 level, which can be so clearly observed 
for Ge, originates from the Lrconduction band or from admixtures from all over the 
Brillouin zone. Arguments for the L-like character of the deep Al level are: (i) its 
pressure coefficient is close to that of the L minimum (ref. [4] and this chapter), and 
(ri) the small strength of the interaction of the shallow with the deep level favours 
the effective mass approach for both levels [4]. One of the strong objections to this 
idea is the large energy separation between the Ge deep Al level and the L minimum 
(ref. [4] and this chapter) which is hard to explain in the effective mass approach. 
This would suggest that the correspondence between the pressure coefficient of the 
L minimum and the deep Al level is a coincidence. A supporting argument for this 
coincidence can be obtained from InSb. In this compound, in which a similar deep 
state exists, both pressure coefficients have completely different values [24]. 
Only a few experiments have been reported on the Ge DX centre so far [12,25]. 
The fact that its energy position is extremely low corresponds with the anomalous 
character of the shallow and deep Ge Al levels mentioned above. A satisfactory 
explanation for the chemical behaviour of the Ge donor cannot be given yet. 
3.4 Summary and Conclusions 
The coexistence of DX centres and deep Λ1 levels in heavily doped n-GaAs has been 
observed. The fact that GaAs:Ge exhibits this feature implies that the deep Л1 level 
also exists for other donor species. Therefore, one has to be careful when analysing 
pressure induced changes of carrier concentration and mobility. A good criterion for 
the absence of deep Al level effects can be obtained from PPC experiments: if one 
can transfer all the electrons trapped by DX centres back into the conduction bandF, 
deep Al levels are certainly not involved. If, on the other hand, this is not possible 
(as in ref. [9]), the deep Al level is probably involved. The coexistence of both levels 
also probably resolves the controversy in the literature over the most likely identity of 
occupied donor states between Chadi and Chang [26], who propose a negative U DX 
centre at an interstitial site (confirmed by this work) and Yamaguchi [27] who argues 
for a strongly localised state of the impurity atom with Л1 symmetry (probably the 
deep Al level also observed in this work). As it is reasonable to assume that the 
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identity of the donor and the pressure will determine whether the DX centre or the 
Al level is lower in energy, the two models are not contradictory [28]. 
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Chapter 4 
The effect of DX centres on the mobility in 
heavily doped n-GaAs calculated by Monte 
Carlo Simulations 
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4.1 Introduction 
As already mentioned in section 1 1 and chapter 3, the charge state of the DX centre 
in III-V semiconductors was and still is the subject of controversial discussions, 
although more and more experimental data can be successfully explained by the 
negative U model [1,2] The pressure induced transfer of electrons to and from DX 
centres can only occur if the electrons have enough thermal energy to overcome 
the potential barriers E-e, and Ec (see Fig 1 2) If the temperature is below the 
freeze-out temperature Teq, electrons are frozen onto the DX centres and can only 
be transferred to the conduction band by means of optical excitation If an electron 
is removed from a DX centre, it can not return and the initial carrier concentration 
is restored again (PPC effect) 
The increase of mobility with increasing pressure first led to the conclusion 
that the positive U model was correct [3] since the number of charged centres in 
the negative U model remains constant and the number of free electrons decreases 
as pressure is applied, a decrease of mobility is expected However, it was suggested 
that Coulomb interactions between the charged centres lead to spatial ordering and 
hence increase the mobility [4,5] In this way it was shown that both models can 
account for the observed mobility increase [5,6] 
At pressures above 15 kbar, the transport (Hall) mobility starts to decrease 
again [7] Dmowski et al [7] have tried to fit the absolute value of the transport 
mobility over the whole range from 0—20 kbar and showed that the positive U model 
gives a better fit result than the negative U model However, they used a simplified 
model in which they assumed (г) steplike correlation functions (гг) Τ„,=0 К and 
(ггг) short range potential (SRP) scattering In this chapter, the first two assump­
tions will be shown to be invalid The influence of SRP scattering, used as a fit 
parameter [7], is hard to estimate quantitatively 
Monroe [8] has attempted to include Τ,,, in transport mobility calculations up 
to 15 kbar He has used a model in which he included both free electron screening 
and ionic screening due to occupied and empty DX centres Although his model is 
conceptually correct, it has been cast into a too simple form to be useful for quanti­
tative mobility analysis There are three main objections to his model The first is 
that he did not take into account compensation, the second is that his calculations 
are based on relative, rather than absolute changes of mobility and finally, he used 
the same values for T«, (100 K) for both Si and Sn DX centres in GaAs However, 
in reality, the value for Sn is much lower (45 K, see Fig 2 5) As the mobility is 
rather sensitive to T^, in his model [8], the interpretation of his quantitative results 
is questionable 
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In all of the previous attempts one has not been able to include both the equi­
librium temperature T«, below which the occupied DX centres are frozen out and 
the compensation ratio which becomes important in heavily doped 7i-GaAs:Si [9,10]. 
In this chapter I present calculations of the absolute value of the transport and quan­
tum mobility of GaAsrSi at pressures up to 20 kbar. I use the model first proposed 
by Mycielski [4] in which Coulomb interactions are suggested to lead to spatial cor­
relations of the charged centres. The spatial correlation functions are calculated by 
Monte Carlo (MC) simulations which enable the correct equilibrium temperature 
(120 K, Fig. 2.2) for GaAs:Si to be used. The transport mobilities calculated from 
these correlation functions are compared with results from the simplified steplike 
model calculations [7]. In this way, the error made by assuming steplike functions 
and ^ = 0 К is shown to be considerable, for both the negative U and the positive 
U models. In addition, the influence of the compensation ratio is investigated. I will 
show that the transport mobility behaviour under pressure can be fully explained by 
taking into account only ionised impurity scattering by correlated charged centres. 
Only the negative U model gives a satisfactory result, in contradiction to the steplike 
approach which favoured the positive U model [7]. Finally, the calculated quantum 
mobilities are shown to agree reasonably well with the experimental values. 
4.2 Experimental details 
I have studied GaAs samples heavily doped with Si. The first (sample 1) was 
grown by Molecular Beam Epitaxy (MBE) and has an ambient pressure electron 
concentration of 6.9xl01 8cm - 3, the second (sample 2) was Metal Organic Vapour 
Phase Epitaxy (MOVPE) grown and has an electron concentration of 4.5xl01 8cm - 3. 
It is to be be expected that the compensation ratio is higher in the MOVPE sample 
than in the MBE sample [9,10]. Sample 1 is the same as used in ref. [7]. The carrier 
concentrations of both samples are low enough to ensure that higher band-minima 
effects do not play a role. In addition, the influence of deep Л1 donor levels, which 
are present in GaAs:Ge (see chapter 3), is not expected for Si in GaAs at these 
pressures [11]. 
The Hall effect and Shubnikov-de Haas (SdH) effect have been measured as 
a function of pressure up to 20 kbar at T=4.2 K. In this way, the electron con­
centration n
e
 could be determined from both Rn and the SdH oscillations. Values 
derived from both methods showed good agreement in all cases. The resulting car­
rier concentration and mobility as a function of pressure for sample 1 are shown 
in Fig. 4.1. The Hall mobility equals the transport mobility /^- The amplitude of 
the SdH oscillations is determined by the Dingle temperature To which reflects the 
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Figure 4.1 Electron concentration (a) and Hall (transport) mobility (b) as 
a function of pressure for sample 1 measured at T=4.2 K. 
quantum mobility μ4 via μς = (eh)/(2nm*kBTD) where m* is the effective electron 
mass. To and thus μ
ς
 are determined by fitting the experimental magnetoresistance 
data to the formula given by ref. [12]: 
where В is the transverse magnetic field, Τ is the temperature, К = 2тг2квтп
е
/?іе 
is a constant, m
e
 is the free electron mass, Ρ = he/Epm* is the SdH period, m' = 
m*/m
e
, E-p is the Fermi energy with respect to the bottom of the conduction band, 
7 is the Onsager phase factor and f is the spin splitting factor related to the electron 
Lande factor g (0.4 for GaAs) by и = m'g/2. Very good agreement has been found 
between the theoretical relation Eq. (4.1) and experimental data for n-InSb [13] 
and n-InAs [14]. In order to subtract the non-oscillatory background from the 
experimental data, polynomials have been fitted through the minima and maxima 
of the SdH oscillations. Then the average of both polynomials was subtracted from 
the raw data. The resulting curve could be fitted to Eq. (4.1). An example of 
such a fit is given in Fig. 4.2. However, it must be stated that care must be taken 
in analysing Dingle temperatures determined from SdH data. SdH traces quite 
often show anomalies (beating effects, effects of non-hydrostatic pressure and so on) 
and thus the quantum mobilities show a rather large experimental error. Another 
20 
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Figure 4.2 SdH data (circles) for sample 1 measured at p=19.2 kbar and 
T=4.2 K. The solid line represents a fit to Eq. (4.1) with TD=25 K. 
uncertainty in the determination of the Dingle temperature is the influence of spatial 
disorder of the free carrier distribution [15,16]. If disorder is included, the exact 
value of the Dingle temperature decreases and thus the quantum mobility increases. 
However, it is impossible to estimate the exact quantitative influence of disorder [15] 
and thus the exact value of the error in the Dingle temperature determination. 
4.3 Mobility calculations 
The transport and quantum relaxation times, which are directly related to the trans­
port and quantum mobilities via μ = er /m*, can be calculated using the approach of 
ref. [16] with the influence of correlation represented by the structure factor 5(17) [6]: 
1 _N
c
m*(EF)4 f b - w t * * (92) . 
η 6π43η Jo v л v л (2 ) 
1 Ncm'jErtä [™* .....
 а 
7Г ^ п /о *5ш т*і 
where V{q) is the screened Coulomb potential given by 
47re2 
v{q) = 
Мя
2
 + 1/λ2)] 
(4.2) 
(4.3) 
(4.4) 
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where λ = [(7глА2)/(4е2А;рто*(£р))]1/2 is the Thomas-Fermi screening radius describ­
ing the screening of the Coulomb potentials of the ionised donors by the conduc­
tion electrons, к is the dielectric constant of GaAs, fcp is the Fermi wave vector, 
m*(EF) = mo(l + 0P)/(l — ah2k%/2mo) [3] is the effective electron mass at the 
Fermi level with mo = 0.0677n
e
 the effective mass at the bottom of the conduction 
band, β = 7.4 χ Ю - 3 kbar - 1 its pressure dependence and a = 1.07 eV-1 the band 
non-parabolicity factor, η is the free electron concentration and N
c
 denotes the 
total number of charged centres in the system. In the positive U model, N
c
 equals 
N¿+ + JVA, whereas for the negative U model Nc = Ν
Ό
 + Т д. Ν
Λ
+, ΛΓ
Α
 and ND 
are the ionised impurity, total acceptor and total donor concentrations respectively. 
It can be easily seen that in the negative U model N
c
 remains constant when DX 
centres start to be occupied, whereas it decreases in the positive U model. This argu­
ment was used to explain the mobility increase in terms of the positive U model [3]. 
However, the structure factor S(q) in Eqns. (4.2) and (4.3) reflects the influence of 
correlations and diminishes the outcomes of the integrals, leading to an increase in 
mobility for both models [6]. S{q) is the Fourier transform of the pair correlation 
function and will be described separately for both models in the next section. 
4.4 Short range correlation model 
The short range correlation model was proposed to explain the mobility increase 
in GaAs by Kossut et oí. [6]. The idea is as follows: the probability of finding 
an impurity in a given charge state is affected by Coulomb interactions only at 
distances smaller than a certain critical distance from a given central impurity site. 
It remains unaffected by inter-donor Coulomb interactions at distances exceeding 
this critical value. The simplest form of the pair correlation function reflecting this 
basic physics can be modeled by a steplike function equal to unity for large distances 
(perfect disorder) and deviating from unity at short distances. The details of the 
short range correlation depend on the sign of the on-site correlation energy U: both 
positive and negative U cases will now be discussed. 
4.4.1 Positive U model 
At a certain pressure, a fraction of the free electrons will be trapped by DX cen-
tres, leading to the coexistence of positive (d+) ionised donors and neutral (DX0) 
occupied DX centres. If the temperature is sufficiently high, i.e. Τ > Τ«,, an elec­
tron trapped by a DX centre can move to an ionised donor at a different lattice 
site due to Coulomb forces. By this mechanism, the configuration of the ionised 
donors will become such that each ionised donor is surrounded by some volume in 
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which there are no other ionised donors and the total Coulomb energy of the sys­
tem is reduced. In the simplest model, this volume is a sphere with radius r
c
, the 
correlation radius [6]. In this model the pair correlation function g++(r), reflecting 
the probability of finding an ionised donor at a distance r from a site where there 
already is a given ionised donor, has a simple steplike form. An example for g++(r) 
is given in Fig. 4.3a. The corresponding structure factor S(q), is given by: 
5( g ) = 1 + ί Ξ ^ ϋ f rsm(qr)[g++(r) - l]dr (4.5) 
Я
 J 
where the Fourier transform is evaluated in spherical coordinates. It must be stated 
that Eq. (4.5) is a general formula for systems with correlating particles. The same 
holds for the formulae given in the next section. 
4.4.2 Negative U model 
In this model, pressure induces the coexistence of d+ centres and negative (DX~) 
occupied DX centres. It is obvious that the positive and negative charges will 
try to form dipoles and thus scatter less effectively. However, as two differently 
charged particles are involved, the situation is slightly more complicated than in the 
positive U model. In stead of one correlation function one has to deal with three 
pair correlation functions [p+_(r), g (г) and g++(r)). Again, the simplified model 
leads to steplike correlation functions with one common correlation radius rj [6]. 
Fig. 4.3b shows examples for these three correlation functions. The corresponding 
structure factors are given by: 
SM = *ч + J Ñ ^ . J rsm(9r)[5ij(r) - l]dr (4.6) 
where ¿y is the Kronecker delta and ij can be either Η—, — or + + . The structure 
factor to be used in Eqns. (4.2) and (4.3) is given by 
5(g) = (iV+5++(g) + i\L5__(g) - (N+ + ЛГ_)5+_(д))/(ЛГ+ + ЛГ_) (4.7) 
If compensation is included, two subsequent correlation functions appear (р+л- and 
g-Α.-) reflecting the correlations between the negatively charged acceptors, with a 
fixed charge state, and the movable donor charges. Both correlation functions have 
to be treated as above. 
4.4.3 Monte Carlo Simulations 
Although the simplified steplike model mentioned above gives a qualitative under­
standing of the short range correlation model, a more realistic description is needed 
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Figure 4.3 Examples of pair correlation functions (sample 1, p=19.6 kbar) 
in the positive U model (a) and the negative U model (b). The solid lines are 
obtained with MC simulations (T
eq=120 Κ, θ = 0), the dashed are according 
to the steplike model [7]. 
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to quantitatively determine the effect of correlations on the electron mobility The 
objections to the steplike model are (г) the assumption that T
e q=0 К, (гг) the corre­
lation functions are steplike and (ггг) it is not possible yet to include compensating 
acceptor charges In reality Те
Ч
=120 К for Si (Fig 2 2), the correlation functions are 
not steplike [6] and compensation must be taken into account [9,10] In addition, 
the expressions for the correlation radii within the step-like model [6] are only valid 
for low pressure conditions Therefore the analysis presented in ref [7] can not be 
taken as a quantitative one 
In order to simulate the real correlation functions I have used Monte Carlo 
(MC) simulations From the values of n
e
(p) determined from the pressure experi­
ments (e g Fig 4 la) and by assuming a value of θ (θ = І А/ЛЬ) for the compen­
sation ratio, the various number of charged centres can be determined 
The concentration of charged centres on Ga sites is given by N4+ = No — NDXo 
for the positive U model, and by NDX- = [Nu-NA-nc(p)]/2 and Nd+ = ND-N0x-
for the negative U model The number of charged centres on the As sites is obviously 
the same for both models NA- = ΘΝο 
The total number of particles (І о-(-ЛГ
А
) was about 500 in the calculations 
In order to assure that this number was sufficiently large, some calculations were 
also carried out with 1200 particles The results were identical to those obtained 
with the smaller system The start position for the MC simulations was obtained 
by randomly distributing the total number of donors and acceptors over the Ga 
and As sites respectively Then Ν
ά
+ ionised donors were randomly distributed over 
the donor sites and the free donor sites were filled with iVDXo (positive U model) 
o r
 NDX- (negative U model) The MC simulations were earned out by calculating 
the total Coulomb energy Eco of the system, randomly choosing an ionised donor, 
and swapping it with a randomly taken occupied DX centre If the final total 
Coulomb energy Eci was smaller than Eco, the new situation was accepted If 
Eci was larger than Eco, the new situation was accepted with a probability of 
ехр[(Есі—Есо)/квТ
еч
)] In this way, the equilibrium temperature in the calculations 
could be adjusted The swapping was continued until an equilibrium situation was 
established This equilibrium was reached quite soon (about 5000 swaps) for all 
cases except for the Teq=0 К calculations with the positive U model This effect 
has already been reported by ref [17] In this case quite a number of annealing 
times was necessary and more swaps had to be used to reach the proper minimum 
Coulomb energy of the system After the equilibrium was reached, a new start 
position was chosen and the swap procedure was repeated After a few hundreds of 
start positions, the correlation functions appeared to have a satisfactory signal to 
noise ratio The correlation functions were determined by counting the correlating 
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Figure 4.4 Transport mobility (sample 1) as a function of pressure, calcu­
lated with the steplike model, MC simulations at Teq=0 and 120 К respectively. 
(a) results for the positive and (b) for the negative U model. 
charges per distance unit. Examples of the correlation functions obtained by MC 
simulations are shown in Fig. 4.3. 
4.5 Results and Discussion 
4.5.1 Transport Mobility 
0=0 
In Fig. 4.4a, the comparison between the steplike approach and the MC simulations 
is shown for the positive U model. In the ^ = 0 К case, the steplike approach 
shows a smaller increase in mobility than the MC approach. This is caused by 
the difference in shape of the correlation functions and reflects the deviations of 
the steplike approach from the real situation. Fig. 4.4a also shows the effect of 
temperature on the correlations. At Т„,=120 К, the correlation effects are less 
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strong and the mobility increase is smaller than at ^ = 0 . Therefore, the steplike 
approach fails to provide us with a quantitative mobility calculation method as 
both the shape of the correlation functions and the temperature are important in 
the positive U model. 
In the negative U model, the differences are even more striking. In Fig. 4.4b 
the difference at ^ = 0 between the MC approach and the steplike approach shows 
that the latter gives a strong underestimation of the MC result. The differences 
are not only quantitative but also qualitative. In fact, the steplike approach in 
the negative U model may only be used in cases where the number of DX centres 
occupied is small compared to the total number of donor atoms [6]. From Fig. 4.4b 
it seems that this condition is not met. This could be already seen in Fig. 4.3b 
where the correlation functions within the steplike model differ strongly from those 
obtained with the MC calculations. Therefore, the steplike approach is invalid at 
higher pressures. Temperature has less influence in the negative U than in the 
positive U model. In Fig. 4.4b, only a small difference can be seen between the 
^ = 0 and 120 К MC results. 
б > 0 
In order to determine the influence of compensation on the mobility, several calcu­
lations have been carried out with different compensation ratios. In Fig. 4.5a, the 
results are shown for the steplike approach in the positive U model. This figure 
is more or less comparable to the final result of ref. [7]. The only difference from 
ref. [7] is that SRP scattering is not included in Fig. 4.5a. It seems likely that there 
is a certain value of θ for which a rather good agreement between experiment and 
theory exists. Subsequent calculations for the negative U model (Fig. 4.5b) show 
that no reasonable agreement between experiment and the steplike approach in the 
negative U model can be expected for any value of Θ. If the steplike model were 
correct, this would lead to the suggestion that the positive U model gives a better 
fit result, as concluded in [7]. However, as shown in Fig. 4.4, the steplike approach 
is not valid for realistic quantitative mobility calculations. 
In Fig. 4.6a the results for MC simulations with various compensation ratios 
are shown for the positive U model at T
eq=120 K. An increasing compensation ratio 
decreases the absolute mobility value and diminishes the relative increase in mobility. 
This is a qualitative difference with the steplike approach in which the mobility even 
decreases at high compensation ratios (Fig. 4.5a). This difference can be explained 
by the influence of the acceptors on the correlations. In the steplike approach, the 
acceptor scattering was taken to be a separate scattering mechanism which becomes 
important when a large number of ionised donors have become neutral DX centres. 
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Figure 4.5 Transport mobility (sample 1) as a function of pressure, calcu­
lated with the steplike model (T«, = 0) with various compensation ratios (0) 
The triangles represent the experimental data, (a) results for the positive and 
(b) for the negative U model. 
In reality, however, the acceptors contribute rather strongly to the correlation and 
do not establish such a strong decrease of mobility. 
In the negative U model, the MC simulations show a decrease at high pressures 
for θ <0.25 Fig 4 6b shows a good agreement between the negative U MC calcula­
tions and the experiment for 0=0 13 which is a realistic value [9] for heavily doped 
MBE grown n-GaAs Si From Fig 4.6, it can be concluded that only the negative U 
model gives a good agreement between theory and experiment, in contradiction to 
ref [7] This agreement can be qualitatively explained by saturation of correlation 
effects The decrease of the correlation effects at pressures above ~15 kbar reflects 
the decreasing number of possible sites for the correlating charges to choose from 
This means that at high pressures, the mobility behaviour is mainly determined 
by the traditional Brooks-Herring formula (г e Eqns. (4 2) and (4 3) with S(q)=l) 
which predicts a mobility increase for the positive U and a decrease for the negative 
U model. Therefore, the decrease of the mobility at high pressures indicates that 
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the negative U model is the valid one. 
In order to check the model, I have calculated the mobility behaviour of sample 
2 which is expected to have a higher compensation ratio than sample 1. The results 
are shown in Fig. 4.7. Again, it is clear that only the negative U model gives a good 
agreement between experiment and theory. A compensation ratio of 0.25 gives the 
best result. This value is very realistic for this kind of MOVPE grown sample [10]. 
The positive U model again gives a poor result and must thus be excluded. 
4.5.2 Quantum mobility 
With the compensation ratios found from Figs. 4.6 and 4.7, I have calculated the 
quantum mobility following Eq. (4.3). The results are shown in Fig. 4.8. It can 
be seen that the qualitative agreement is good for both models and both samples, 
but the absolute values differ from the experiments. However, bearing in mind the 
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Figure 4.7 Calculation of transport mobility for sample 2. The lines are the 
best results for the positive and negative U models. The triangles represent 
the experimentad data. 
spatial disorder of free carriers, which can diminish the Dingle temperature obtained 
from the experiment [15], the agreement between theory and experiment is still quite 
satisfactory. However, the quantum mobility cannot be used to distinguish between 
the charge state models due to the small differences between both models. 
4.6 Summary and Conclusions 
I have performed Monte Carlo simulations to calculate the effects of spatial correla­
tions due to Coulomb interactions in n-GaAs heavily doped with Si. The resulting 
correlations between the charged centres result in an increase of mobility when pres­
sure is applied and DX centres become occupied. It has been shown that it is 
possible to include both compensating acceptors and the freeze-out temperature for 
DX centres in the MC calculations. Good agreement between model and experi­
ment has been achieved only when the negative U model is used, in contradiction 
to a previously used model with steplike correlation functions. I have shown that 
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Figure 4.8 Quantum mobility as a function of pressure, calculated with MC 
simulations at Τ
β4=120 К with various compensation ratios (Θ) for the positive 
and negative U models. The triangles represent the experimental data, (a) 
sample 1 (b) sample 2. 
the latter model is not valid for quantitative mobility calculations. Our MC results 
provide us with another proof for the negative U and against the positive U model, 
confirming that the occupied DX centres are negatively charged. 
Unfortunately, no high pressure data (p >17 kbar) for n-GaAs heavily doped 
with other donor species were available in order to check the influence of the freeze-
out temperature of DX centres. This would be a useful check of the validity of the 
model. 
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High spatial resolution photoluminescence 
studies of dislocations in Si-doped liquid 
encapsulated Czochralski GaAs 
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5.1 Introduction 
Bulk GaAs crystals are widely used as the starting material for the fabrication of 
electronic and opto-electronic devices. Direct ion implantation or epitaxial growth 
processes like Molecular Beam Epitaxy (MBE) and Metal Organic Vapour Phase 
Epitaxy (MOVPE) are employed for the realisation of devices based on the GaAs 
crystals. For many applications, it is essential that the crystals are homogeneous 
with respect to dopant concentration and concentrations of deep centres causing 
recombination. On a smaller scale inhomogeneities exist around dislocations due to 
the gettering of impurity atoms and the formation of more complex defects. Spa­
tially resolved characterisation techniques are available for the location and analysis 
of these inhomogeneities. DSL (Diluted Sirtl-like etching with the use of Light) etch­
ing is used to locate dislocations and their impurity atmospheres [1]. This method 
was shown to monitor the concentration of photocarriers at the crystal surface [2]. 
Using quantitative Electron Beam Induced Current (EBIC) experiments the dopant 
concentration was measured at grown-in and glide1 dislocations [3]. Spatially re­
solved PhotoLuminescence (PL) is commonly used to monitor the distribution of 
radiative transitions across a sample. The inability of this method to measure the 
shallow impurity concentrations quantitatively, caused by the unknown fluctuations 
of deep non-radiative centres, was recently reported to have been overcome by using 
resonantly excited Selective Pair Luminescence (SPL) [4]. Precipitates have been 
located by Transmission Electron Microscopy (ТЕМ) [5] and Laser Scattering To­
mography (LST) [6]. Energy Dispersive X-ray Spectroscopy (EDXS) was used to 
determine their chemical nature [7]. 
The interaction of dislocations and impurity atoms or native defects in tetra-
hedrically coordinated semiconductors is a complex phenomenon and can be ex­
plained by taking into account both elastic and electrical forces [8-10]. It is generally 
believed that dislocations act as attractive centres for point defects giving rise to 
local changes of the electrical and optical properties. For undoped semi-insulating 
Liquid Encapsulated Czochralski (LEG) GaAs, for instance, it is well established 
that high concentrations of the native defect EL-2 are present at dislocations and 
their surroundings [11-13]. On the other hand, dislocations may be surrounded by 
areas depleted of certain defects due to the formation of precipitates, for which dis­
locations act as heterogeneous nucleation centres. This may explain the apparent 
controversies reported in the literature concerning the origin of the observed PL 
contrasts between dislocations and crystal matrix [14]. 
'For sake of clarity I use the word "glide", However, it is not known yet which mechanism 
(glide, climb or glide/climb) is responsible for the motion (see section 5.3.2). 
High spatia/ resolution photoluminescence studies of dislocations in Si-doped... 73 
Since PL contrast is determined by the distribution of shallow impurity lev-
els and deep non-radiative luminescence killer centres, it is essential to consider 
their mutual interactions and their interactions with dislocations [14]. Furthermore, 
stoichiometry-related native defects (interstitial As atoms, AsQa, Ga.\„ EL-2, etc.), 
which have their effects on the electronic levels mentioned above, were shown to 
strongly influence the electrical and optical properties of the crystal [15]. As precip-
itates are believed to act as sinks for impurities and excess As atoms [16] during the 
post-growth cooling period, and as sources of As-related defects due to their redis-
solution during high temperature anneal experiments [17]. The first process [16] is 
argued to responsible for the observed increase of PL intensity at dislocations after 
annealing due to the annihilation of deep non-radiative centres related to excess As 
atoms [18], whereas the second, opposite process [17] is responsible for the decrease 
of PL intensity at dislocations after heat treatments via the creation of excess As 
atoms and their related deep non-radiative centres [18]. 
In this chapter high spatially resolved photoluminescence experiments per-
formed on Si-doped, LEG grown GaAs are described. Crystals grown under both 
slightly As-rich and Ga-rich conditions are described. The DSL technique is used to 
reveal both grown-in dislocations (G) and grown-in dislocations moved by thermal 
stresses (GS) [19]. The thermal history of the GaAs crystal (post-growth cooling 
conditions) is reflected in the nature of both types of dislocations and their impurity 
atmospheres. Grown-in dislocations are formed during early stages of the cooling 
process. At sufficiently high temperatures, these dislocations getter impurity atoms 
and native defects which are still mobile enough to migrate towards the dislocations. 
This leads to the creation of a Cottrell- or impurity atmosphere consisting of im-
purity atoms, native defects or complexes of both [1,20]. Due to thermal stresses, 
a grown-in dislocation may start to move when the critical resolved shear stress is 
locally exceeded. This glide motion stops when a temperature is reached at which 
thermal stresses have been sufficiently reduced or the temperature has become too 
low for glide movement [1]. It is shown that during the glide motion, as well as after 
this motion has ended, the dislocation is still able to getter some defects, leading to 
clearly visible glide traces and the formation of a new, smaller Cottrell atmosphere. 
In this study, we have been able to observe the PL contrast between glide 
traces and the crystal matrix for the first time. Furthermore, is has been possible 
to interpret the spectral differences observed in the PL spectra and the DSL etch 
patterns of the defect free matrix and the Cottrell atmospheres of the dislocations. 
The results are shown to be consistent with EBIC results. 
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5.2 Experimental details 
The two types of material investigated were Si-doped η-type GaAs grown by the 
Liquid Encapsulated Czochralski (LEG) method under slightly As-rich and Ga-rich 
conditions. The electron concentrations in the various samples from the As-rich 
ingot ranged from 1 χ IO17 cm - 3 to 3 χ IO17 cm - 3 respectively. The accompanying 
mobilities ranged from 3600 cm2/Vs to 3200 cm2/Vs. The average carrier density 
in the Ga-rich grown samples was 4 χ IO17 cm - 3 and the mobility was 2500 cm2/Vs. 
Photoetching was performed using a D1:1Si/5 solution (notation after ref. [21]) 
and a halogen lamp yielding a power density of 320 mW/cm2. The surface patterns 
obtained after photoetching were analysed by means of an interference contrast 
microscope and a Tencor mechanical surface step profiler. 
The PL experiments were performed at 4.2 К in a liquid helium bath cryostat. 
Use was made of a focusing and translation mechanism mounted inside the cryostat 
in order to minimise the distance from the sample to the focusing objective. In 
this way a laser spot diameter and hence a spatial resolution of « 1 μιη could 
be obtained. A description of the construction and the optics of the translation 
insert can be found in ref. [22]. As excitation source the λ = 488 nm line of a 
continuous wave Аг+ laser was used. The standard illumination power density was 
1.0 χ 105 W/cm2. The PL signals were recorded by a single grating monochromator 
(set at a spectral resolution of 1.6 nm) and a Sl-photomultiplier tube. Also an 
InAs photo diode was available for the detection of low energy transitions with 
emission wavelengths down to 3 μιη. However, no deep levels were detected in our 
experiments. The reason is that the PL signals originate from an extremely small 
sample area, so only a limited number of deep centres will be involved in the radiative 
recombination process. The higher energy transitions (involving free carriers and 
shallow impurities) have a much higher laser power saturation threshold than deep 
centres. Therefore the PL experiments were limited to near band-gap transitions, 
and transitions involving shallow acceptors. With the PL experiments, both 1-D 
and 2-D scans at a fixed wavelength as well as PL spectra at fixed positions were 
performed. 
5.3 GaAs grown under As-rich conditions 
5.3.1 Results 
Photoluminescence of isolated grown-in dislocations (G). 
Fig. 5.1a shows the DSL surface pattern for an area of 260 χ 260 μιη2 in which 
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Figure 5.1 Grown-in dislocations in Si-doped GaAs from an As-rich ingot: 
(a) Interference-contrast microphotograph after DSL treatment of several iso­
lated defects, (b) Step profiler scan across a dislocation, (c) Two-dimensional 
PL mapping of the area shown in (a), (d) Line scan of the PL intensity along 
the line marked in (c). Standard excitation power density was used. The PL 
energy selected is 1.485 eV. 
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several isolated grown-in dislocations are present. The step profiler trace of Fig 5 lb 
illustrates the DSL etch pattern across a typical grown-in dislocation The DSL etch 
rate at the dislocation is lower than in the matrix. The Cottrell atmosphere contains 
a small summit at the exact outcrop of the dislocation. The corresponding two-
dimensional mapping of the PL intensity for the same area is shown in Fig 5 1c It 
is seen that all dislocations yield lower PL intensities than the surrounding crystal 
matrix Fig 5 Id shows a line scan of the PL intensity along the horizontal line 
indicated in Fig 5 1c. The summit, which is typical for all G dislocations (see 
Fig 5 la) is not observed in the PL scans (Figs 5 1c and d) 
PL spectra taken at dislocation sites were compared with those from the crys­
tal matrix In Fig 5.2 the PL spectra taken at the centre of the "dark area" (A) 
in Fig 5 1c and from the crystal matrix (B) are presented It should be noted that 
the broadening of the spectra is not due to a poor spectral resolution of the detec­
tion system (which is « 3 meV), but due to the high dopant level of the crystals 
Obvious differences between both spectra are found at the high-energy tails, where 
the relative PL intensity is higher for the spectrum taken at the dislocation site 
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Figure 5.2 PL spectra recorded at a grown-m dislocation (spot A in 
Fig 5 1c) and at the crystal matrix (spot В in Fig 5 1c) The indicated 
transitions are (e, A0) at 1 485 eV, (D0, h) at 1 5133 eV and the LO-phonon 
replica of the (e, A0) peak at 1 449 eV Standard excitation power density was 
used The intensities of both spectra have been normalised in order to give a 
good comparison between the PL peak positions 
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The low-energy tail and the peak at 1.485 eV, which is attributed to (e, A0) transi-
tions with SiAs as acceptor [23], evidently show no differences. It should be noted 
that this broad emission peak at 1.485 eV may also contain a contribution from 
(D^A0) transitions, which have a slightly lower energy but cannot be resolved as 
a separate peak due to the high impurity level of our samples. However, since the 
excitation power density used in the experiments was very high, and since (D0, A0) 
transitions are more easily saturated than transitions involving free charge carriers, 
it is assumed that these contributions may be neglected. As will be further dis-
cussed in section 5.3.2, the high energy shoulder, which is predominantly present 
in the spectrum taken at the dislocation, may be attributed to (D0,h) transitions 
at 1.5133 eV [24] with Sio» as donor. From the stronger relative intensity of the 
(D0, h) transitions it can be concluded that an increase of the Sica donor concen-
tration is observed at grown-in dislocations relative to the matrix. In addition, a 
relatively high concentration of deep PL killers which decrease the PL intensity must 
be present at the dislocations. 
Photoluminescence of grown-in dislocations moved by stresses (GS). 
Fig. 5.3a shows the DSL image of the start point (S), the end point (E) and the glide 
trace of a typical GS defect. The corresponding step profiler recordings are shown 
in Fig. 5.3b. The small and sharp etch hillock at the site where the dislocation 
is actually present after the glide motion has stopped (E) is seen clearly in both 
Fig. 5.3a and in Fig. 5.3b. No such sharp summit exists at the start point (S), where 
the impurity atmosphere was left behind, but where no dislocation is present any 
more (see Figs. 5.3a and b). All parts of the GS defect show a decreased DSL etch 
rate compared to the matrix. The PL mapping of the same GS defect is presented 
in Fig. 5.3c. The decrease of PL intensity at the start and end points relative to 
the crystal matrix is clearly seen. The glide trace, although not very pronounced 
in this gray-shade representation, still produces a detectable PL contrast. PL line 
scans across this type of defect are presented in Fig. 5.3d. Again, the summit at the 
end point is not observed. 
Fig. 5.4a shows the spectrum taken at the start point of the GS defect com-
pared to that from the crystal matrix. The same spectral differences as observed 
at the isolated grown-in dislocations (Fig. 5.2) are noticed here. Again the relative 
PL intensity at 1.5133 eV, which was attributed to (D0,h) transitions with Sica 
as donor, is much stronger at the start point of the GS defect than at the crystal 
matrix. 
In Fig. 5.4b the spectra from end point and crystal matrix are compared. It is 
seen that the enhancement of the high-energy tail, observed at the start point and 
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Figure 5.3 GS defect in Si-doped GaAs from an As-rich ingot. (a) 
Interference-contrast microphotograph after DSL etching showing the start 
point (S), the end point (E) and the glide trace, (b) Step profiler scans across 
several locations of a GS defect, (c) Two-dimensional PL mapping of the same 
GS defect as in (a), (d) Line scans of the PL intensity along the lines indicated 
in (c). Standard excitation power density was used. The PL energy selected 
is 1.485 eV. 
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Figure 5.4 PL spectra recorded at the start (S) and end point (E) of the 
GS defect of Fig. 5.3 compared with the spectrum taken at the crystal matrix. 
The standard excitation power density was used. The indicated transitions axe 
the same as in Fig. 5.2. The intensities of the spectra have been normalised 
in order to give a good comparison between the PL peak positions. 
at isolated grown-in dislocations is not present for the end point. This absence of 
significant spectral differences between end points of GS defects and crystal matrix 
was checked for several dislocations at all samples. Although some minor differences 
at the high-energy tail did occasionally occur, no clear tendency as for grown-in 
dislocations and start points of GS defects was found. Therefore, only a decrease 
of PL intensity at end points of GS defects, without significant spectral changes, is 
inferred from our experiments. 
Finally, PL spectra recorded at several glide traces were compared with those 
from the crystal matrix. Apart from a slight decrease in overall PL intensity, no 
significant spectral differences were observed. 
5.3.2 Discussion 
Interpretation of experimental results. 
The spatially resolved PL experiments show that all isolated grown-in dislocations, 
start- and end points of GS defects and glide traces yield lower PL intensities than 
80 chapter 5 
the crystal matrix. From this we conclude that high concentrations of deep non-
radiative PL killer centres are present at the various components of these defects 
relative to the crystal matrix. This proposal is supported by EBIC measurements [3], 
carried out on the same type of material, where the minority carrier diffusion lengths 
were found to be shorter at the above-mentioned defects than in the crystal matrix. 
In addition, an increased net ionised impurity concentration was found around the 
dislocations. An additional proof results from the DSL experiments. The deep 
centres act as recombination centres for holes and thus slow down the DSL etch 
process at the Cottrell atmospheres. The enhanced η-type dopant level around the 
original positions of the dislocations also diminishes the etch speed [25]. 
With regard to the exact nature of the deep non-radiative centres, no conclusive 
statements have been put forward until now. It has been suggested by several 
authors [26-29] that Frenkel disorder on the arsenic sublattice determines the native 
defect chemistry of GaAs. Calculations of Bublik et al. [27] have shown that under 
equilibrium conditions the most important point defects for the homogeneity domain 
of As-rich grown GaAs are Asi, VG& and VA», in that order. At lower temperatures, 
ASQ» has also to be taken into account [30]. Interstitial Ga atoms (Ga,) were shown 
not to be present in significant numbers, even for Ga-rich situations. Apart from 
these native defects the role of Si, which may be present as Sica, SÌAS, Si, or any 
Si-containing complex, must be taken into account. 
Since interstitial As atoms are the dominant native defects in As-rich grown 
GaAs [27] the most probable defects are excess As related complexes. This holds 
even at temperatures up to 200 degrees below the melting point [27]. In undoped 
GaAs several of these defects have been identified, where special attention was paid 
to the AsQa-antisite defect [14]. ASQ» antisites have been reported to be the most 
important defects created by plastic deformation of GaAs [31,32]. Furthermore, it 
has been established unambiguously by thermal annealing experiments and electron 
paramagnetic resonance studies that ASQ» is related to the main near band-gap 
PL killer centre in GaAs [32]. Therefore, the decrease of PL intensity and the de-
crease of DSL etch rate at dislocations observed in As-rich grown Si-doped GaAs are 
most probably due to Asca-related complexes, preferentially created at dislocations. 
The Asca-antisites may be created out of gallium vacancies, which are present in 
relatively large quantities close to the melting temperature [27], and fast diffusing 
interstitial As atoms [33-36]: 
Voa + AS, -> ASQa- (5-1) 
Once created, the Asea antisites can react further with other native defects and 
impurity atoms diffusing towards the dislocation, and form complexes which estab-
lish the observed recombinative impurity atmosphere. In these considerations it is 
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implicitly assumed that the processes mentioned are enhanced at dislocations, most 
probably due to the lattice distortion and the gettering effect of the dislocation. 
This simple, general model may be used to explain the low PL intensities and low 
DSL etch rates (this chapter) and the short minority carrier lifetimes [3] both at 
isolated grown-in dislocations and start and end points of GS defects. 
The amphoteric character of Si in GaAs, i.e. donor behaviour on Ga sites 
and acceptor behavior on As sites, is reflected in the PL spectra of Figs. 5.2 and 
5.4. Although the samples are n-type, the (e, A0) transition at 1.485 eV with SiAs as 
acceptor [23] is clearly present in all spectra. The enhancement of the (D0, h) transi-
tions compared to (e, A0) transitions at grown-in dislocations and start points of GS 
defects leads to the conclusion that a local increase of the SÍQ* donor concentration 
relative to the concentration of SÌA. acceptors exists at these defects. 
Glide traces and end points of GS defects also show a decrease of PL intensity 
relative to the crystal matrix, but no enhancement of (D0,h) transitions is found. 
Therefore no increase of the Sica concentration is inferred for glide traces and end 
points, indicating that no dragging of impurity atoms occurs during the dislocation 
motion. Concerning the glide traces and end points, more detailed considerations 
involving the defect formation mechanisms during dislocation motion should be 
taken into account. However, no unanimity exists in the literature. Generally it is 
believed that the glide trace of GS dislocations in GaAs is formed by Asea defects and 
not by any dragging of impurities and native defects from the Cottrell atmospheres 
of the start points [31,32,37]. However, which of the three possible mechanisms 
(climb, glide, climb/glide) is responsible for the movement is not known yet [38]. 
The role- of Si 
The analysis of local PL spectra (Figs. 5.2 and 5.4) led to the proposition of a 
locally enhanced π-type dopant level at grown-in dislocations and start points of 
GS defects, obviously caused by a local increase of the 5іо
а
 concentration. Glide 
traces and end points, however, did not show this enhanced n-type dopant level. 
The increase of the Sic» concentration can be explained by the diffusion of Si atoms 
towards dislocations. The diffusion of the Si atoms relieves the strain around the 
dislocations. It should be noted, however, that an additional Зіда —* Sioa exchange 
mechanism cannot be excluded, especially at G dislocations and start points of GS 
defects. 
Since the movement of GS defects has started at some stage during the post-
growth cooling period, and since no enhanced Sica concentration is found at the 
glide traces, nor at the end points, it may be concluded that the enhancement of the 
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Table 5.1 Exponential factors determining the temperature dependence of 
the diffusion coefficients [Eq. (5.2)] for Si (Е
л
 = 2.5 eV [44]) and As, (£
a
 = 
0.5 eV [35]) in GaAs. 12380C is the melting point of GaAs. 
T ( 0 C ) 
1238 
1100 
1000 
900 
800 
700 
kT (eV) 
0.1302 
0.1183 
0.1097 
0.1011 
0.0925 
0.0838 
102 χ e-E''kT, As, 
2.15 
1.46 
1.05 
0.71 
0.45 
0.26 
1 0 i 2 χ e-EWkTi 
4580 
660 
130 
15.2 
1.8 
0.111 
Si 
Si concentration at dislocations takes place immediately after solidification when the 
temperature is still high and Si atoms can easily migrate towards dislocations. Glide 
traces and end points, however, consist of As-related defects formed during and after 
the dislocation movement according to the mechanisms described in the previous 
section. A supposed dragging of Si atoms from the original impurity atmosphere or 
the attraction from the crystal matrix during and after the glide motion does not 
occur. At the base of this reasoning lies the low diffusivity of Si in GaAs. Although 
a large scatter of the data on diffusion coefficients of impurity atoms in GaAs exists 
(see for instance refs. [39] and [40]), a "low" diffusivity of Si is reported [41-43]. 
Quantitative data, based on Secondary Ion Mass Spectroscopy (SIMS) profiles, have 
been reported in ref. [44], where values of D = 2 χ 10 - 1 1 cm2/s at 1050° C, dropping 
to D = 5 χ 10 - 1 3 cm2/s at 850° С can be found. The corresponding activation energy 
was determined to be Е
л
 = 2.5 eV. The fact that end points of glide dislocations do 
not getter a significant number of Si atoms any more, but are still able to create a 
recombinative, Asoa-related atmosphere, can be ascribed to the high mobility of As, 
relative to Si. We have not been able to retrace quantitative data concerning the 
diffusion coefficient of isolated As, in GaAs. However, the activation energy Е
л
 for 
As, migration has been determined indirectly from anneal studies on the VAB — As¡ 
complex in electron-irradiated GaAs [35]. First order kinetics with an activation 
energy Ea = 0.5 ± 0.15 eV have been found. Since the temperature dependence of 
the diffusion coefficient, 
D = D0e-E'/kT, (5.2) 
is mainly contained in the exponential factor, it is instructive to compare these 
factors for Si and As, diffusion at different temperatures. The data are presented 
in Table 5.1. It is seen that the drop of mobility during the first several hundreds 
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of degrees after solidification is much higher for Si than for As¡. From this we infer 
that an essential difference exists with regard to the diffusivity of Si compared to 
As¡, which leads to the explanation of the experimental results in the present study. 
We conclude that a moving dislocation in Si-doped GaAs from an As-rich ingot 
does not getter a significant number of Si atoms any more, but is still able to create 
a trace and an atmosphere of native Asce-related defects, which are responsible for 
(г) the decrease of PL intensity, (гг) the observed lower etching velocities and the 
corresponding hillocks after DSL etching and (ггг) the decrease of the minority carrier 
diffusion length in EBIC measurements. At isolated grown-in dislocations these 
three processes also take place, but an additional capture of Si atoms, leading to the 
formation of an enhanced Sic» donor concentration, also occurs at these regions. In 
other words, for those defects created during the thermal stage at which Si atoms are 
still relatively mobile both reaction (5.1) and the enhanced Si incorporation occur, 
whereas for defects created at lower temperatures reaction (5.1) dominates due to 
the high diffusivity of As, compared to Si. 
5.4 GaAs grown under Ga-rich conditions 
5.4.1 Results 
Photoluminescence of isolated grown-in dislocations (G). 
Fig. 5.5a shows a microphotograph with a typical cluster of grown-in dislocations 
after the surface has been DSL etched. The step profiler recording of Fig. 5.5b illus­
trates the complex character of the Cottrell atmosphere. In contrast to the profile 
obtained in the As-rich samples, it consists of an extended and deep crater inside 
which an elevated plateau and a central dislocation-related peak (often surrounded 
by a local depression) are present. The relative etch depth or height of the partic­
ular elements of such an etch pattern are variable and might be influenced by the 
geometry of the dislocation and the Cottrell atmosphere. 
Fig. 5.5c shows the PL mapping of an isolated dislocation. A bright halo and 
a dark central part of the dislocation area are observed. The halo shows a strongly 
increased PL intensity indicating that it consists of purer material or contains less 
PL killers than the matrix. The centre of the dislocation area exhibits a somewhat 
lower PL intensity due to the presence of small amounts of PL killers. The PL scan 
across the dislocation (Fig. 5.5d) illustrates the relative PL intensities of the matrix, 
halo and centre. Again, the outcrop of the dislocation, which can be seen in the 
DSL etch pattern (Figs. 5.5a-b) is not observed in the PL scans. 
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Figure 5.5 Grown-in dislocations in Si-doped GaAs from a Ga-rich ingot: 
(a) Interference-contrast microphotograph after DSL treatment of several iso­
lated defects, (b) Step profiler recording along the line indicated in (a), (c) 
Two-dimensional PL mapping of an isolated dislocation, (d) Line scan of the 
PL intensity across the isolated grown-in dislocation of (c). M, H and С in­
dicate the crystal matrix, the halo of the dislocation and the centre of the 
dislocation respectively. Standard excitation power density was used. The PL 
energy selected is 1.485 eV. 
In Fig. 5.6 a comparison of PL spectra recorded at different parts of the dislo­
cation is given. The matrix and the halo show a similar spectrum (Fig. 5.6a). The 
(e, A0) transition dominates and the (D 0 ,h) transition is visible as a shoulder. Both 
spectra show resemblance to the spectrum from the matrix of the As-rich samples 
(Fig. 5.2). The spectrum taken at the centre of the dislocation (Fig. 5.6b) is rather 
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Figure 5.6 PL spectra recorded at (a) the halo and (b) the centre of a 
grown-in dislocation (spots Η and С in Fig. 5.5d) compared to that of the 
crystal matrix (spot M in Fig. 5.1b). The indicated transitions axe the same 
as in Fig. 5.2. Standard excitation power density was used. The intensities of 
both spectra have been normalised in order to give a good comparison between 
the PL peak positions. 
different: the ( D 0 ^ ) transitions have become stronger relative to the (e, A0) transi­
tions. This indicates that the relative concentration of Sica is increased at the centre 
point of the dislocation. This resembles the behaviour of grown-in dislocations in 
As-rich grown material. The concentrations of PL killers in the matrix and the 
centre are comparable whereas at the halo, the concentration is strongly decreased. 
Photoluminescence of grown-in dislocations moved by stresses (GS). 
Fig. 5.7a is a characteristic representation of GS defects present in the Ga-rich ingot. 
After photoetching, start point (S), glide trace (T) and end point (E) are clearly 
distinguishable under reverse contrast on the microphotograph. The surface step 
profiler recordings clarify this reverse contrast (Fig. 5.7b): the Cottrell atmospheres 
at positions S and E are etched more quickly than the defect-free matrix, whereas 
the glide trace forms a slowly etched ridge. This is again in contrast to the profile 
obtained for GaAs grown under As-rich conditions (Fig. 5.3b). The sharp peak 
inside the end point depression marks the position of the outcrop of the dislocation. 
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Figure 5.7 GS defect in GaAs:Si from a Ga-rich ingot: (a) Interference-
contrast microphotograph after DSL etching showing the start point (S), end 
point (E) and trace (T). (b) Surface step profiler recordings across the defect. 
(c) PL mapping of the same GS defect, (d) Line scans of the PL inten­
sity. Standard excitation power density was used. The PL energy selected is 
1.485 eV. 
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The halo which is present around grown-in dislocations (see Fig. 5.5) again shows 
up around the end point of the defect. However, the average size of the end points 
is significantly smaller than that of the grown-in dislocations (compare Figs. 5.5a-b 
and 5.7a-b). 
The corresponding PL mapping and intensity scans are plotted in Fig. 5.7c-d. 
The start point and the glide trace show a slightly decreased PL intensity due to a 
small increase of the concentration of PL killers. The end point behaves similarly 
to the isolated grown-in dislocations (compare Figs. 5.7 and 5.5). 
PL spectra recorded at the various parts of the GS defect are shown in Fig. 5.8. 
The spectra taken at the end point (Fig. 5.8b-c) show a close resemblance to those 
taken at grown-in dislocations (Fig. 5.6): the spectrum taken at the halo shows a 
high intensity and a dominant (e, A0) peak, whereas the spectrum at the centre point 
shows comparable intensity to the matrix and has a dominant (D0, h) peak. In the 
spectrum from the start point (Fig. 5.8a), the (D0, h) peak also dominates, whereas 
the absolute intensity is only slightly lower than in the matrix. Therefore, one can 
conclude that the concentration of SiQa at the start point increases relatively with 
respect to the SIAS concentration. This also holds for the centre of the end point. 
This latter observation is in contrast to the results obtained for the end point of GS 
defects in As-rich grown GaAs. Spectra recorded at several centre points of both G 
dislocations and end points of GS defects were used to verify the increased (D0,h) 
intensity. Although the peak was not always as dominant as in Fig. 5.8c, it was in 
all cases stronger than in the matrix. The halo of the end point is characterised by 
a strong reduction of PL killers. Finally, several PL spectra recorded at the glide 
trace were compared with those from the crystal matrix. No significant spectral 
differences were observed. 
5.4.2 Discussion 
Interpretation of experimental results 
Both the DSL etch patterns and the spatially resolved PL experiments showed that 
the G and GS defects in GaAs grown from a Ga-rich melt have a more complex 
character than those from As-rich grown material. The main differences between 
the dislocations in GaAs from Ga-rich and As-rich melts are 
(г) the halo which is only present in Ga-rich grown material, 
(гг) the enhanced Sic» concentration not only at start points but also at end points 
of GS defects in Ga-rich material, 
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Figure 5.8 PL spectra 
recorded at (a) the start (S), 
(b) the halo of the end point 
(H) ала (c) the centre of the 
end point (C) of the GS defect 
of Fig. 5.7 compared with the 
spectrum taken at the crystal 
matrix. The standard excita­
tion power density was used. 
The indicated transitions are 
the same as in Fig. 5.2. The 
intensities of the spectra have 
been normalised in order to 
give a good comparison be­
tween the PL peak positions. 
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(iii) the enhanced DSL etch rates at grown-in dislocations and start and end points 
of GS defects in Ga-rich material whereas the etch rates at these features in 
As-rich GaAs is decreased and 
(iv) the decrease of PL intensity at defects in As-rich GaAs is almost absent in 
Ga-rich material. 
The halo around the dislocation consists of purer material than the crystal 
matrix and which must consequently have a lower concentration of PL killers. This 
conclusion is supported by the DSL etch profile (Fig. 5.5b) which showed a strong 
increase of etch rate due to the absence of recombinative centres for holes. EBIC 
experiments also confirm this result: the halo was found to yield a lower net ionised 
impurity concentration and a higher diffusion length [38]. 
The PL spectra taken at the centre points of both grown-in and at the end 
points of GS defects showed similarities to that taken at the start point of a GS 
defect (see Figs. 5.6, 5.8a and 5.8c). They all yielded only a slightly lower intensity 
with respect to the matrix and an enhancement of the (D0, h) transitions. This 
means that only a small amount of extra PL killers are present at these points. 
More importantly, the DSL etch patterns also showed an increased etch rate at the 
centre and start points (see Figs. 5.5b and 5.7b). This demonstrates the absence of 
recombination centres for holes. The locally enhanced (D0, h) transitions indicate 
that the relative Sica concentration is increased at these points. However, as no 
difference between the start point and the centre of the endpoint could be observed 
it is concluded that diffusion of Si-related defects has taken place even after the glide 
motion has stopped, in contrast to the As-rich material. In Ga-rich material the 
dominant point defect is VAs [27]. As diffusion of silicon is known to be enhanced by 
vacancies [45], this may indeed explain the higher diffusivity of Si atoms in Ga-rich 
GaAs. Due to the much lower concentration of vacancies in As-rich material [27] 
the Si diffusion is more difficult. 
The rather small decrease of PL intensities (except for the halo) at dislocations 
with respect to the crystal matrix in Ga-rich GaAs can be explained by the strong 
overall reduction of the ASQI antisite defect which acts as a PL killer. In this material 
it is more likely that the point defect Сад» is formed. The high DSL etch rate as 
observed around the dislocations is a strong indication that this centre, as a double 
acceptor, is indeed responsible for the supply of extra holes [46]. The GaAa defects 
may also cause a reduction of PL intensity. However, this effect is not very strong 
since the transitions in which this acceptor-like level is involved are not very efficient 
in /i-type material. This explains the slight decrease of PL intensity at the defects. 
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It was suggested that the following reaction is the source for Сад« in n-GaAs [47]: 
VA, -»Сад, + ν 0 α (5.3) 
The As vacancies needed in this reaction are dominantly present in the crystal 
matrix of GaAs grown under Ga-rich conditions [27] and are also supplied via the 
Si doping [48]: 
S i ( L q ) - S i G e + VAa (5.4) 
This model seems valid in our Ga-rich crystal, in particular at the centre points and 
at the start points of GS defects where the concentration of Sica is locally higher 
than in the matrix. It must be noted that this scheme is only a simplified one, 
since we do not consider other possible defects such as residual carbon acceptors 
or complexes between Si and native Ga- or As-related levels. Another possibility 
is that Сад» is created at the surface of the growing crystal where an absorbed Ga 
species can react via: 
Ga, + V A , - С а д , (5.5) 
The Сад, defect can also explain the EBIC behaviour at the start points of GS 
defects. EBIC experiments have found that the net ionised impurity concentration 
is decreased at the start points which could suggest that a locally decreased Sica 
concentration is present [49]. However, the Сад, double acceptor neutralises part of 
the Sic, donor and thus, only the net ionised impurity concentration is decreased 
instead of the number of Sica atoms. 
The above consideration in principle also refers to the Cottrell atmospheres of 
the grown-in dislocations and the end points of GS defects. However, the distribu­
tion and density of the defects are more complex. They are certainly affected by 
the presence of the dislocation itself. The segregation of the Si atoms around the 
dislocation forming the halo might be the result of a strong interaction with the 
dislocation. In a similar manner to the reasoning given in ref. [3] for GS defects in 
As-rich Si-doped material, the relative homogeneity of the Cottrell atmosphere of 
the start points can be explained by a sufficiently high mobility of the impurities at 
high temperature, when the dislocation has already gone; this refers specifically to 
Si atoms resulting in the disappearance of the halo. 
The glide traces of the GS defects in both As- and Ga-rich grown material are 
comparable (Figs. 5.4 and 5.8). Both yield a decreased DSL etch rate, a decreased 
PL intensity and no spectral differences compared to the matrix. Therefore, the idea 
that the glide traces of GS defects in GaAs are formed according to the generally 
valid mechanisms (see section 5.3.2) is confirmed. This means that the trace is made 
of Asea defects. 
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Table 5.2 Summary of the PL results on the various concentrations of de­
fects and impurities in the Cottrel atmospheres of grown-in (G) and glide (GS) 
defects. The symbols f and | indicate a relatively increased and decreased con­
centration respectively. S, Τ and E stand for start point, trace and end point 
of the GS defect. 
As-Rich GaAs 
G : ASGaî, SÏGaî 
GS S: ASGa î , SÍGa î 
Τ: ASGaî 
Ε: AsGaî, Sil 
Ga-Rich GaAs 
G centre 
halo 
GS S 
Τ 
Ε centre 
halo 
GaA. î, Sica Τ 
GaA. 1, Sil 
GaA, Τ, SiGa î 
ASGaî 
GaA. î, SiGa î 
GaAB 1, Sil 
5.5 Summary and Conclusions 
High spatial resolution photoluminescence experiments have been performed on both 
As-rich and Ga-rich Si-doped LEG GaAs. In both types of crystals, grown-in and GS 
defects have been shown to yield a different PL behaviour from the crystal matrix. 
The results are summarised in Table 5.5. From the experiments performed on As-rich 
GaAs, it followed that a local enhancement of deep, non-radiative centres is present 
both at isolated grown-in dislocations and at start points, glide traces and end 
points of GS defects. These PL killers most probably are AsQa-related complexes. 
In Ga-rich crystals no Asoa PL killers are present. In this material Саде antisite 
defects are most likely to be responsible for the slight decrease of PL intensity at 
the dislocation areas. The presence of this double acceptor has been confirmed by 
the increased DSL etch rate around dislocation areas. 
Moreover, an increase of the SiQa donor concentration relative to the crystal 
matrix was observed at isolated grown-in dislocations and at the start points of GS 
defects in the As-rich material. This is explained in terms of the thermal history 
of the crystal. In an early stage of the cooling period Si atoms are still mobile 
enough to be captured by dislocations, and will preferentially be incorporated at 
Ga sites. During further cooling of the crystal those dislocations which are moving 
due to thermal stresses are not able to drag and attract Si atoms because of the 
low difFusivity of Si in GaAs. The strong segregation of mainly Si atoms in Ga-rich 
grown GaAs around the grown-in dislocations and the end point of glide dislocations 
demonstrates that the diffusion of Si atoms in this material is enhanced by vacancies. 
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Finally, the suggestion that the glide trace of GS defects in GaAs generally 
is made of A s d antisite defects has been confirmed for both As-nch and Ga-nch 
grown GaAs 
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Chapter 6 
Introduction to misfit dislocations in strained 
layers 
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6.1 Introduction 
Strained semiconductor heterostructures, e.g. GaAs/InxGai_xAs and Sii_xGex/Si, 
are important from both a fundamental and a technological point of view. Such 
structures offer new electrical and optical properties compared with lattice matched 
devices [1-3]. It is even possible to take advantage of the misfit dislocations, created 
by the strain, for the operation of field effect transistors [3]. 
The strain in such structures is a result of the lattice mismatch (ƒ) between 
the substrate (lattice constant a,) and the growing epitaxial layer (lattice constant 
ao): 
/ - ^ . (6-1) 
The strain can be both tensile (as > ao and ƒ > 0, as in GaAs on InxGai_xAs) or 
compressive (aa < ao and ƒ < 0, as in InxGai_xAs on GaAs). In thin layers the misfit 
will be accommodated by elastic deformation of the epilayer. Then the growth of 
the layer is pseudomorphic, the lattice of the epilayer parallel to the interface will be 
strained in order to fit the substrate lattice. When the thickness of the layer is larger 
than a certain critical layer thickness, the growth ceases to be pseudomorphic and 
the strained layer will relax by the formation of misfit dislocations at the interface. 
Both the strain and the misfit dislocations have a strong influence on the electrical 
and optical material properties [4-8]. 
To study the effect of strain and relaxation one usually uses a substrate with a 
fixed lattice constant and epilayers with varying chemical compositions and lattice 
constants. For instance, in the systems InxGai_xP grown on GaAs by VPE [4] and 
LPE [5] and InxGai_xAs on InP [6] the variation of the electro-optical properties is 
caused by the changed chemical composition as well as the strain. However, in these 
systems there are two intrinsic disadvantages: (¿) one has to know the composition of 
the grown layer exactly in order to separate the contribution of the strain and of the 
misfit dislocations to the change of the material properties from the contribution 
of the alloy composition and (ii) the physical and mechanical parameters of the 
relaxed alloys are not always known. Therefore, approximate values obtained from 
interpolation by assuming linear behaviour have to be used for comparison between 
theory and experiment. 
In this chapter on heteroepitaxial systems, these difficulties have been avoided 
by using (100) InxGai_xAs substrates with known amounts of indium upon which 
a layer of undoped GaAs is grown. In this system the uncertainty of the chemical 
composition of the epilayer is eliminated, because a binary compound semiconductor 
is grown instead of a ternary or even a quaternary alloy. Therefore the chemical 
composition of the epilayer is known exactly. Changes in morphology and electro-
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optical properties of the epilayer compared to one grown by conventional GaAs-
homoepitaxy are now only a consequence of the strain and the misfit dislocations in 
the epilayer and not of the changed chemical composition. 
In the literature the MBE and MOVPE growth of GaAs on In-alloyed GaAs [9-
14] is mentioned. However, a precise determination of the critical layer thickness 
of epitaxially grown GaAs is not given. The aim of this chapter is to compare 
the experimental strain in the epitaxial layer and critical layer thickness for GaAs 
on In
x
Gai_
x
As with that determined by several models. Both chapters 7 and 8 
describe spatially resolved techniques which can measure the microscopic influence 
of misfit dislocations on the opto-electronic behaviour of strained layers. In addition 
to systems under tensile strain, systems under compressive strain (In
x
Gai_
x
As on 
GaAs) will be discussed in those chapters. 
6.2 Experimental details 
In this study (100) In
x
Gai_
x
As Liquid Encapsulated Czochralski (LEG) substrates 
[15] have been used as obtained from LETI, Grenoble, France. The amounts of 
indium in the substrates have been measured by Inductively-Coupled Plasma Atomic 
Emission Spectroscopy (ICPAES) [16]. The In concentrations ranged from 0.1% to 
1.15% and have been determined with an accuracy of 10~4. These concentrations 
lead to lattice mismatches up to 8xl0~4. The local variation in In content in these 
substrates was ca. 1-2% [15]. The dislocation density is < 104 cm - 2 [17]. The 
epitaxial GaAs layers have been grown in a low-pressure Metal Organic Vapour 
Phase Epitaxy (MOVPE) reactor system. 
The morphology of the grown layers has been observed with an interference-
contrast microscope. The thickness of the layers has been measured in a Scanning 
Electron Microscope (SEM) after cleaving and etching. The thicknesses ranged from 
1.2 μτη to 6 μπι. 
To determine the band-gap energy, PhotoLuminescence (PL) experiments have 
been carried out at 4 К with an energy resolution of 0.1 meV around the spectral 
range of the band gap of GaAs. Shifts of the exciton spectrum were measured by 
comparing spectra with the (unstrained) GaAs spectrum. 
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6.3 Results and Discussion 
The relative strain in the epilayer e is defined in the same way as the lattice mismatch 
ƒ [Eq. (6.1)]: 
α , - α ρ 
£ - — , (6.2) 
αο 
in which a
e
 is the lattice constant of the strained epilayer. From this definition it fol­
lows that the strain is positive for a system which is under tensile strain and negative 
for systems under compressive strain. In the case the misfit is accommodated only 
by elastic deformation a
e
 equals o
s
, and therefore ƒ = e. Samples grown under this 
condition show a specular surface (Fig. 6.1a). When the layers are grown beyond 
a certain critical layer thickness the misfit is also accommodated by dislocations at 
the interface. The relation between the mismatch and the strain is now given by 
ƒ = e + ¿, in which 8 is the amount of plastic deformation. On the surface of these 
layers a cross hatched pattern is observed, as shown in Fig. 6.1b. These patterns are 
attributed to the presence of misfit dislocations at the interface [18]. Layers under 
compressive strain show similar surfaces. Examples of surface morphologies in this 
system will be given in chapter 7. 
To compare the observed critical layer thickness with theory, we have assumed 
spontaneous nucleation of half loop dislocations in the epilayer. From calculations 
of the Gibbs free energy G of a layer containing a half loop dislocation, which has 
Figure 6.1 Surface morphologies of as-grown GaAs epilayers with a thick-
ness of (a) 0.4 μτο. and (b) 4.4 μτα. grown on Ino.ooaGao 992AS. 
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(Van de Leur [20]) 
h" (Te Nijenhuis [21]) 
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Figure β.2 The system under tensile strain: Calculated critical layer thick­
ness as a function of In content χ in (In,Ga)As substrates (lower scale) and 
mismatch ƒ (upper scale), according to refs. [19-21]. Filled and open sym­
bols indicate samples with and without misfit dislocations. Triangles represent 
samples as described in this work. Squares are data obtained from ref. [9]. 
released a certain amount of elastic energy, the critical layer thickness is determined 
as a function of the lattice mismatch. This theory assumes that the misfit dis­
locations are 60° dislocations along the (110) directions in a {111} glide plane in 
diamond-like crystals. Originally this theory was developed by Matthews [19] who 
calculated the critical layer thickness for which G is at a maximum. Van de Leur et 
al. [20] introduced the energy balance model. In this theory the thickness for which 
G = 0 is defined as the critical layer thickness. A more realistic relaxation model 
for extended V-shaped dislocations has been proposed by Te Nijenhuis et al. [21]. 
The results of the calculations for these theories are shown in Fig. 6.2. In this figure 
the results from the growth experiments are also given, together with the results 
from Inoue et al. [9]. However, in the latter paper no growth conditions for the 
epilayer are mentioned, nor are the layer thicknesses measured precisely. It appears 
that layers containing misfit dislocations lie above the theoretical curves, obtained 
from ref. [20,21], while the unrelaxed layers lie under it. The energy balance mo-
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dels [20,21] give a very good match between theory and experiment, even in the 
region with a very small misfit in which the elastic energy (г e "the driving force" 
for the formation of misfit dislocations) is very small 
As another illustration, the results for In
x
Gai_
x
As layers on GaAs (compressive 
strain) are shown in Fig 6 3 [21] For more details on the discussion of the models 
mentioned above I refer to a deeper analysis by Te Nijenhuis et al [21] 
The biaxial stress generated by the lattice mismatch breaks up the degeneracy 
of the valence band [5], which shifts the effective band-gap energy This shift can 
be clearly observed in PL spectra taken on various samples with increasing indium 
content in their substrates (Fig 6 4) The calculated band-gap energy shifts for the 
light hole and the heavy hole valence band at fc = 0 induced by strain are given 
by [22] 
A(£ l h -£ e ) = [ 2 a ( s ^ * ) - ò ( ^ * ) l e > (6 3) 
- f (io"4) 
0 5 10 15 
100 
10 
ε
4 
з 
-С 
ι 
o.i 
0 5 10 15 20 
х (IO'3) 
Figure 6.3 The system under compressive strain [21] Calculated critical 
layer thickness as a function of In content ι in the (In,Ga)As epilayers (lower 
scale) ало mismatch ƒ (upper scale), according to refs [20] and [21] Filled 
and open symbols indicate samples with and without misfit dislocations 
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Figure 6.4 PL spectra of GaAs grown on (In.Ga) As substrates with various 
In contents i . The layer thickness of all layers is 0.4 μιη which is below the 
critical layer thickness. The bars indicate the positions of the neutral donor 
bound exciton transitions. 
A ( £ h h - Se) = [ 2a ( ^ ) + Ò ( ^ )]€, (6.4) 
where с
ц
 are the elastic stiffness coefficients, and α and b are constants obtained 
from deformation potential theory [23,24]. Using the values as given in refs. [25.26] 
it follows for GaAs: 
A ( £ l h - E c) = -5.84e( eV), 
A ( £ h h - E c ) = - 12.35б(е ). 
(6.5) 
(6.6) 
It follows that Δ ( Ε Η Η - £<:) exhibits a stronger shift than Д(£ш — Ее)· For systems 
which are under tensile strain, i.e. in the case that e is positive, the band gap will be 
between the conduction band and the heavy hole valence band and decreases with 
increasing strain (see Fig 6.4). Because the band-gap energy is not directly measured 
in PL experiments, it is assumed that the shift of the exciton spectrum gives a good 
approximation for the shift of the band gap. This assumption is justified since the 
change of exciton binding energy with strain is expected to be very small. Fig. 6.5 
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Figure 6.5 PL spectra of GaAs grown on (In,Ga)As as a function of layer 
thickness h. The indium content of all substrates is 0.82%. The bars indicate 
the positions of the neutral donor bound exciton transitions. 
shows PL spectra as a function of layer thickness. An increasing layer thickness 
induces an increase of the misfit dislocation density and thus a decrease of strain in 
the layers. This explains the shift of the PL spectra in Fig 6.5 towards higher energy. 
From Fig. 6.5 and Eq. (6.6) it is possible to determine the amount of relaxation in 
the epilayer. The resulting strain as measured from these PL experiments as a 
function of layer thickness is shown in Fig. 6.6. For thin layers the strain e is equal 
to the lattice mismatch ƒ. For layers with thicknesses larger than the critical value, 
the strain has only been relieved partially. The residual strain of the layer equals 
the value of the mismatch for which the layer thickness is critical. Fig. 6.6 again 
illustrates that both models [20,21] give good agreement with the experiments. Since 
the theories have been developed for the formation of the first misfit dislocation, it is 
concluded that in the observed region of very small misfits the nucleation process is 
not influenced by the presence of extant misfit dislocations. Post-growth annealing 
for 200 minutes at 973 К under As pressure hardly changes the amount of relaxation. 
These results indicate that the GaAs layers already reach the predicted equilibrium 
during growth, in agreement with results on InxGai-xAs samples grown by MBE on 
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Figure β.β Strain in the epilayer as a function of layer thickness h For thin 
layers, which are not relaxed by misfit dislocations, the strain is equal to the 
lattice mismatch ƒ When the layer thickness is larger than the critical value 
/ic, the misfit dislocations release the strain until it has reached the value of 
the mismatch for which the layer thickness is critical 
GaAs [27,28] 
6.4 Summary and Conclusions 
It has been shown that the epilayer-substrate system with a fixed layer composi­
tion indeed is a good system to observe the effects of strain and relaxation on the 
electro-optical properties without any influence of change in chemical composition 
The experimentally determined critical layer thickness for the formation of misfit 
dislocations in GaAs under tensile strain is in good agreement with the energy bal­
ance model in the region of very small misfit No complete relaxation is found after 
growth as well as after annealing The remaining strain in the layers is also de­
scribed by the equilibrium between elastic deformation and the formation of misfit 
dislocations The nucleation of misfit dislocations is not influenced by the presence 
of extant dislocations 
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Chapter 7 
High spatial resolution photoluminescence 
studies of misfit dislocations in strained 
GaAs-(In,Ga)As heterostructures 
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7.1 Introduction 
The relaxation of layers under tensile strain by the formation of misfit dislocations 
and the critical layer thickness for the GaAs/InxGaj-nAs system have been discussed 
in chapter 6. This chapter deals with the microscopic effect of misfit dislocations on 
the opto-electronic properties of layers under both tensile and compressive strain. 
The microscopic effect of misfit dislocations in semiconductors can be anal­
ysed by several spatially resolved techniques [1-3] such as Diluted Sirtl-like etching 
with the use of Light (DSL), Electron Beam Induced Current (EBIC), Optical Beam 
Induced Current (OBIC), Transmission Electron Microscopy (ТЕМ), X-Ray Topog­
raphy (XRT), Laser Scattering Tomography (LST) and CathodoLuminescence (CL). 
Spatially resolved PhotoLuminescence (PL) is used to study misfit dislocations in 
this chapter. An example of the ability of PL imaging to investigate dislocations 
on a microscopic scale has already been presented in chapter 5. A review of the 
usefulness of PL imaging is given in ref. [4]. 
Misfit dislocations in III(A)-V(B) compounds are expected to be 60° disloca­
tions in {111} planes with their Burgers vectors along the (110) directions. They 
belong to the shuffle set (s) if their motion leads to shear between two widely spaced 
{111} planes, or to the glide set (g) if the shear is between two closely spaced {111} 
planes [5]. The dislocations are of type A or В depending on whether the A or 
В atoms axe in the most distorted core positions [6]. In the zincblende structure 
this means that this dislocation core consists of a line of vacancies of A or В atoms 
respectively. The atoms of which there is an excess in the core contain the dangling 
bonds. The short notations of the four possible dislocation types are A(s) and B(s) 
for the dislocations of the shuffle set and A(g) and B(g) for those belonging to the 
glide set. 
It has further been shown that the misfit dislocations are distributed in the two 
orthogonal (Oil) directions [7,8]. In this chapter both the GaAs on In
x
Gai_
x
As sys­
tem (with a lattice mismatch between 1.5χ 10 - 4 and 8.3xl0~4) and the In
x
Gai_
x
As 
on GaAs system (with a lattice mismatch between —3.8xl0~4 and —ІЗхІО-4) have 
been studied by spatially resolved high resolution PL imaging before and after DSL 
etching. We have observed a different PL behaviour for the dislocations in the two 
possible orthogonal directions. To our knowledge, this is the first time that PL 
imaging has been used to observe microscopic influences of misfit dislocations on 
the opto-electronic properties of III-V semiconductors. An explanation in terms of 
the different cores of the dislocations is given. 
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7.2 Experimental details 
The samples under tensile strain have already been described in chapter 6. The com-
pressively strained undoped In
x
Gai_
x
As layers were grown in a low-pressure Metal 
Organic Vapour Phase Epitaxy (MOVPE) reactor system on semi-insulating (100) 
GaAs Horizontal Bridgman (HB) substrates from MCP, UK. The indium concen­
trations in the In
x
Gai_
x
As epilayers varied from 0.5% to 2.5% and the thicknesses 
ranged from 1.2 μπι to 6 μιη. Both the samples under tensile strain and under 
compressive strain were η-type due to residual impurities. 
The spatially resolved PL experiments have been performed in a liquid-helium 
bath cryostat. Both the translation mechanism and the focusing microscope ob­
jective operate in the cryostat at 4.2 K. In this way, the microscope objective is 
mounted very close to the sample which enables a much better resolution than for 
conventional PL microscopes in which the microscope objective is mounted outside 
the cryostat. The lateral resolution of the PL imaging was determined experimen­
tally to be 1 μτη [9]. Details of the apparatus have been described in ref. [9]. 
Five samples of each system, i.e. under tensile and compressive strain, have 
been examined by PL imaging. Some of the samples have been investigated as-
grown, in order to rule out the effects of the etch process on the PL results. As there 
appeared to be no differences between the PL results before and after etching, the 
samples have been DSL photoetched [10] before the PL imaging has been performed 
in order to reveal the misfit dislocations more clearly. The morphology of the samples 
has been investigated with an interference-contrast microscope. Some of the sample 
surfaces have been examined with a phase shifting interferometer in order to measure 
the height differences. The PL mappings have been recorded at the wavelength 
corresponding to the P-band transition. This transition is a result of exciton-exciton 
scattering processes and is characteristic of the high excitation density used in our 
experiments (typically 150 kW/cm2) [11]. The band-acceptor and donor-acceptor 
transitions were also observed in the PL spectra. However, the intensities of these 
peaks were too weak and therefore too noisy to observe spectral differences due to 
the misfit dislocations. 
7.3 Results 
7.3.1 The system under tensile strain: GaAs on In
x
Gai_
x
As 
The as-grown morphology in the system under tensile strain shows the well known 
asymmetry [8,12,13]. The dislocations are preferentially formed in the [01Ϊ] direc-
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tion [13]. This could already be seen in Fig. 6.1b where more dislocation lines lie in 
the vertical ([Oil]) direction. 
Fig. 7.1a shows an interference-contrast micrograph of a DSL etched GaAs 
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Figure 7.1 (a) Interference-contrast microphotograph, (b) surface profile 
and (c) PL intensity mapping of the same area of a GaAs epilayer with a 
thickness of 4.4 μιη on Ino.otwGao ggsAs after DSL etching. The PL mapping 
was recorded at an energy of 1.513 eV. The laser power was 150 kW/cm2. The 
step size of the laser beam was 2 μιη. The dislocation lines are not exactly 
perpendiculair to the axes due to misalignment of the sample. 
layer grown on an In
x
Gai_
x
As substrate with χ = 0.0021. The thickness of the 
sample is 4.4 μιη, which is above the critical layer thickness. The cross-hatched 
dislocation pattern is clearly visible. The corresponding 3D surface profile of the 
same area is shown in Fig. 7.1b. This profile shows that the dislocation lines in 
the [011] direction are more clearly distinguishable because of a rather low DSL 
etch rate compared to that of the matrix. The etch rate at the dislocations in the 
orthogonal direction [Oil] appears not to differ much from that of the matrix. The 
overall difference in height, as can be seen from Fig. 7.1b, is smaller than 0.25 μπι 
which is much smaller than the depth of field of the laser beam (3.5-7.2 μιη [9]). 
Therefore, the focus does not need to be readjusted when the laser beam scans 
across a dislocation line. Fig. 7.1c shows the PL intensity mapping of the same 
area as Figs. 7.1a and 7.1b. The misfit dislocation lines in both the [Oil] and 
[Oil] direction show up as dark lines. The electro-optical effect of the dislocation is 
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much larger (a few μπι, see Fig. 7.1a-b) than the plastically deformed core of the 
dislocation itself (10 nm [14]) The lines in the [Oil] direction are accompanied by 
bright regions either side of them and appear to show a sharper PL contrast with 
the matrix than the [Oil] lines. On the other hand, the facets which are observed on 
the microphotograph (Fig. 7.1a) cannot be distinguished by PL (Fig. 7.1a) due to 
their crystalline character. The formation of the facets is discussed elsewhere [15]. 
From the low density of dislocation lines in Figs. 7.1a-c ( « Ι/ΙΟΟμιη) it can be 
concluded that only a small part of the misfit is relaxed by the misfit dislocations. 
This means that the thickness of this layer is very close to the critical layer thickness 
(see Fig. 6.2). In the case of complete relaxation the average value of the distance 
between the dislocations in this epilayer should be 2 μτη. When the layer were 
thicker, the density of misfit dislocations would increase and the dark regions on a 
PL mapping as in Fig. 7.1c would overlap each other. 
Fig. 7.2 shows an example of an as-grown layer under tensile strain and in­
dicates that the etch process has no influence on the PL results since it shows the 
same results as the DSL etched layer of Fig. 7.1c. In Fig. 7.3 a typical PL spectrum 
taken at a dislocation line is compared with that of the matrix. A slight shift of 1 
О 50 100 150 
Distance (yu.m) 
Figure 7.2 PL intensity mapping of an as-grown GaAs epilayer with a thick­
ness of 1.64 μιη on ІпооиСаосшэАз. The PL mapping was recorded at an 
energy of 1.515 eV. The laser power was 150 kW/cm2. The step size of the 
laser beam was 2 μιη. The dislocation lines are not exactly perpendicular to 
the axes due to misalignment of the sample. 
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Figure 7.3 PL spectra recorded at the matrix (solid line) and at a disloca­
tion line (dashed line) of the same sample as in Fig. 7.1. The excitation density 
was 150 kW/cm2. The intensities of both spectra have been normalised in or­
der to give a good comparison between the peak positions. 
meV towards higher energy is observed for the PL spectrum from the dislocation. 
There is no consistent dependence of the shift on the direction of the dislocations. It 
is most likely caused by a small band gap widening due to a decrease of elastic strain 
around the dislocation. For sake of clarity, both spectra in Fig. 7.3 are shown with 
their maximum intensities having the same value. Of course, the absolute intensities 
of the spectra taken at the dislocations are lower (see Fig. 7.1c) due to the presence 
of non-radiative deep levels. 
7.3.2 The system under compressive strain: In
x
Gai_
x
As on GaAs 
In the system under compressive strain the misfit dislocations do not show any 
asymmetry in the as-grown morphology [15]. This is also demonstrated in Fig. 7.4a 
which shows a typical interference-contrast micrograph of a DSL etched In
x
Gai_
x
 As 
layer (x = 0.023, thickness 2.1 μπι, i.e. above the critical layer thickness) on a GaAs 
substrate. Because the (100) substrate orientation was 2° misoriented in the (110) 
direction, the lines in the cross-hatched pattern of Fig. 7.4a are not parallel. An 
eventual difference in the DSL etch rate between the two orthogonal dislocation 
directions is not visible due to the high dislocation density. In Fig. 7.4b the corre-
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Figure 7.4 (a) Interference-contrast microphotograph and (b) PL intensity 
mapping of the same area of an Іпо.огзСао 977AS epilayer with a thickness of 
2.1 μτα on GaAs after DSL etching. The PL mapping was recorded at an 
energy of 1.474 eV. The laser power was 150 kW/cm2. The step size of the 
laser beam was 2 μτη. The dislocation lines are not exactly perpendicular to 
the axes due to misalignment of the sample. 
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Figure 7.5 PL intensity mapping of ал as-grown Іпо.оггСао gjsAs epilayer 
with a thickness of 2.1 μτη on GaAs. The PL mapping was recorded at an 
energy of 1.474 eV. The laser power was 150 kW/cm2. The step size of the 
laser beam was 1 μπι. The dislocation lines axe not exactly perpendicular to 
the axes due to misalignment of the sample. 
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Energy (eV) 
Figure 7.6 PL spectra recorded at the matrix (solid line) and at a disloca­
tion line (dashed line) of the same sample as in Fig. 7.4. The excitation density 
weis 150 kW/cm2. The intensities of both spectra have been normalised in or­
der to give a good comparison between the peak positions. 
116 chapter 7 
sponding PL intensity mapping with a spatial resolution of 2 μτιι is shown. Again 
the misfit dislocations are found to yield lower PL intensities than the surrounding 
dislocation free areas. Fig. 7.5 shows a PL image of an as-grown layer. It shows the 
same results as Fig. 7.4b which indicates that the DSL etch process has no effect on 
the PL results. From Figs. 7.4b and 7.1c it appears that the system under compres­
sive strain shows two differences in comparison to the system under tensile strain: 
(г) the lines in the [Oil] direction are more diffuse than those in the [Oil] direction, 
just opposite to the system under tensile strain and (гг) bright regions around the 
dislocation lines are now present in both directions. 
Typical PL spectra taken at a dislocation and in the matrix are shown in 
Fig. 7.6. The spectrum taken at the dislocation is now shifted over 1.5 meV towards 
lower energy indicating that the compressive strain is partly relaxed around the 
dislocation area. Again both spectra have been normalised. 
7.4 Discussion 
7.4.1 Structural asymmetry 
It is generally believed that the glide set, compared to the shuffle set, is the en­
ergetically more favourable set for the misfit dislocations in GaAs and other III-V 
compounds with a zincblende structure [16]. The majority of the dislocations are 
of 60° type and can be dissociated into 30° and 90° partíais [17-19]. From Fig. 7.7 
it can be seen that in the system under compressive strain, the As(g) (with gallium 
dangling bonds) and the Ga(g) (with arsenic dangling bonds) dislocations lie in 
the [Oil] and [Oil] direction respectively. In the system under tensile strain these 
directions are reversed. Data on the cores of the dislocations together with the ex-
Table 7.1 Summary of the PL results for systems both under compressive 
and under tensile strain. In addition, the dislocation core types and the di-
rections of the misfit dislocations are given. 
Dislocation 
type 
As(g) 
As(g) 
Ga(g) 
Ga(g) 
Strain 
type 
compressive 
tensile 
compressive 
tensile 
Direction 
[Oil] 
[01Ϊ] 
[Oli] 
[Oil] 
PL contrast 
sharp 
sharp 
diffuse 
diffuse 
Bright 
regions 
present 
present 
present 
absent 
DSL etch rate 
-
normal 
low 
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• Am 
[OH] 
[Oil] 
[Oil] 
COMPRESSIVE 
[OH) 
[Oli] 
Figure 7.7 Atomic configurations for the dislocations of the glide set in 
GaAs (growth direction [100]) for systems under tensile strain (a and b) and 
under compressive strain (c and d) The projection planes and dislocation 
types are (a) (Oil), As(g) (b) (Oil), Ga(g) (c) (Oil), As(g) and (d) (Oil), 
Ga(g) respectively In all cases the dislocations point perpendicular into the 
paper The positions of the extra half planes (EH) and missing half planes 
(MH) are shown by the dotted lines The interface between substrate and 
epilayer as indicated in (a) is also valid for (b-d) For sake of clarity the In 
atoms are represented by the same symbol as the Ga atoms 
penmental results of the PL imaging and of the DSL etching are listed in Table 7 1 
The as-grown morphological asymmetry as observed in the tensile system can be 
explained by the difference in mobilities between the As(g) and Ga(g) dislocations 
In both systems both types of dislocations are created Because the As(g) is known 
to be the more mobile dislocation [16], its dislocation loop expands more easily as far 
as the interface However, in the system under tensile strain the As(g) dislocation 
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is extended by the separation of the 30° and the 90° partíais [19]. In contrast, the 
As(g) dislocation in the system under compressive strain, where no as-grown mor-
phological asymmetry is observed, is perfect: the Burgers vectors of the dislocations 
in both orthogonal directions lie in the glide planes of both dislocations. Therefore, 
cross slip is more likely to occur in the system under compressive strain than in the 
system under tensile strain [15,19]. 
This difference in kinetics can also explain the bright PL regions for the sys-
tem under tensile strain close to the dislocations in the [Oil] direction (see Fig. 7.1c) 
which are probably due to the strong and long lasting interaction between disloca-
tion and lattice. These dislocations are formed in an early stage of growth and thus 
have more time to interact with the lattice than the dislocations in the orthogo-
nal direction which are scarcely formed due to the low cross-slip probability [15]. 
Therefore, the bright regions are absent in the [Oil] direction. In the system under 
compressive strain, the bright regions are present in both directions (Fig. 7.4b). This 
is consistent with the idea of cross slip in the system under compressive strain which 
enables the creation of dislocations in both directions in an early stage of the growth. 
The effect of the interaction between dislocation and lattice has been examined by 
growing the epilayers at different temperatures (between 900 and 1000 K) [15]. 
7.4.2 Opto-electronic asymmetry 
The idea of depletion around the dislocations due to the electronic states associated 
with the cores of the dislocation is used to explain the results. Jones et al. [20] have 
shown that the As dangling bonds on a Ga(g) dislocation lead to several energy 
bands centred around the valence band edge Ev. This dislocation acts as a strong 
acceptor. The As(g) is shown to give rise to bands spread out from the centre of 
the gap to the conduction band edge. This dislocation acts as a donor. Jones et 
al. [20] also showed that both the Ga(g) and the As(g) dislocation cores can be 
highly charged negatively and positively, depending on the position of the Fermi 
level. In our unintentionally doped η-type samples the Fermi level lies close to the 
shallow donor level so that the Ga(g) dislocation will be highly charged negatively 
whereas the As(g) dislocation is only partly positively ionised. This means that due 
to the stronger electric field excitons will less likely be formed in the region around 
the Ga(g) dislocation, explaining the diffuse character of the PL signal. Due to the 
donor-like character of the As(g) dislocation, the electric field around it will be much 
smaller than that around the Ga(g) dislocation. Therefore, the effect of depletion 
around the As(g) dislocation can be neglected with respect to the Ga(g) dislocation. 
The influence of the Fermi level on the opto-electronic asymmetry can be 
investigated by varying the dopant concentration in n-type and p-type layers. This 
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is the subject for future investigation. The observed decrease in PL intensity at the 
dislocations themselves is commonly ascribed to the presence of deep non-radiative 
levels [21]. 
The DSL etch patterns of the samples under tensile strain support the idea 
about the presence of a depletion region. The rather low etch velocity at the dislo-
cations in the [Oil] direction can be explained by the higher recombination rate of 
the photogenerated holes due to the negatively charged core. This decrease of the 
number of holes slows down the DSL etch process [22,23]. The etch rate at the dislo-
cations in the [Oil] direction is only reduced by recombination by deep non-radiative 
levels. Although the epilayers with compressive strain show the same tendency, the 
dislocation densities in these layers are too high to draw conclusions from the DSL 
etch patterns. Furthermore, the influence of indium in GaAs on the DSL etch rate 
is not very well known yet. 
7.5 Summary and Conclusions 
It has been shown for the first time that PL imaging is a suitable technique for 
revealing misfit dislocations on a microscopic scale. The misfit dislocations, which 
belong to the glide set, have been investigated in both systems under tensile strain 
(GaAs on InxGa1_xAs) and compressive strain (InxGai_xAs on GaAs). Beside the 
partial relaxation of the strain around dislocations, we have shown that the effect of 
the kinetics of the formation of the misfit dislocations during growth on the opto-
electronic quality of the sample may be observed by PL imaging. This observation 
agrees with the higher mobility of the As(g) dislocation in the system under tensile 
strain and the possibility of cross slip in the system under compressive strain. 
PL imaging also reveals an opto-electronic asymmetry for the two orthogonal 
dislocation directions. This asymmetry has been explained by assuming a difference 
in core between the dislocations in both directions. DSL photoetch patterns are 
shown to support this conclusion. 
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Chapter 8 
Two-dimensional model for OBIC studies of 
misñt dislocations 
122 chapter β 
8.1 Introduction 
The creation of misfit dislocations in lattice mismatched epilayers grown on [100] 
oriented substrates has been shown to occur in both (Oil) directions (see chapter 
6). In chapter 7, a study of both systems under tensile strain [GaAs on (In,Ga)As] 
and systems under compressive strain [(In,Ga)As on GaAs] using spatially resolved 
PhotoLuminescence (PL) and Diluted Sirtl-like etching with the use of Light (DSL) 
experiments has revealed an opto-electronic asymmetry between both dislocation 
directions. The asymmetric behaviour has been explained by a difference in compo­
sition of the core of the dislocations in both directions (see chapter 7). In addition, 
an area of PL killing deep levels has been observed around the dislocation lines. 
In this chapter, I have extended the study presented in the previous chapter 
using Optical Beam Induced Current (OBIC) experiments. Because OBIC imaging 
reflects the effect of microscopic variations (at the defects) on a macroscopic quan­
tity (the current), the interpretation of OBIC needs more attention than those of PL 
and DSL experiments which directly measure microscopic variations. In standard 
OBIC studies [1] large surface area Schottky diodes or shallow junctions have been 
used for charge collection. Theoretical expressions for the OBIC signal due to scan­
ning a laser beam over a surface of a semiconductor containing a defect have been 
obtained by solving the 3-dimensional diffusion equation with a local increase of the 
recombination rate around the defect [1]. In this work, the OBIC signal is measured 
between two separate small shallow junction contacts at the surface. Due to the 
symmetry in the direction along the misfit dislocation lines, a complete theoretical 
description is obtained by solving the diffusion equation in only two dimensions, both 
perpendicular to the dislocation lines. The samples are all unintentionally doped 
and n-type which means that the diffusion equation for the holes (minority carriers) 
must be taken into account. In addition, the effect of an external electric field is 
included, leading to an increase of the OBIC intensity. A comparable behaviour 
for both dislocation directions and for both the tensile as well as the compressive 
strain systems is reported. The observed OBIC behaviour when scanning across the 
misfit dislocations can be explained by assuming a local increase of recombination 
rate around the dislocations. 
8.2 Theory 
Wilson et al. [1] have derived theoretical expressions for the OBIC signal for stan­
dard large surface contacts due to scanning a laser beam over a surface of a semi­
conductor containing a defect by solving the 3-dimensional diffusion equation with 
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OBIC contacts 
E contact (-c.O) (c,0) E contact 
r—• 
A 
Misfit dislocation 
a t
 (ха'Уа) 
У 
• — ] 
Epilayer 
Substrate 
Figure 8.1 Projection of the sample configuration on the χ — у plane. A 
misfit dislocation at position (xd.ya) is represented as a circle at the interface 
between epilayer and substrate. The Ε-contacts are used to apply an external 
electric field. 
a local increase of the recombination rate around the defect. The effect of a zero-
dimensional point-defect on the OBIC signal has been calculated as a function of 
diffusion length [1]. 
The dislocations studied in this thesis are misfit dislocations which lie at the 
interface between the two lattice mismatched materials. The core of the dislocations 
can be regarded as a small tube with a real diameter of about 10 nm [2]. As shown in 
chapter 7, the dislocations gather PL killing deep levels during growth. Therefore, 
the actual area having influence on the opto-electronic properties of the material 
has a much larger diameter (up to a few μπι). A schematic view of the sample 
configuration is shown in Fig. 8.1. The Ε-contacts are used to apply an external 
electric field in the i-direction. They lie far from the OBIC contacts and can thus 
be regarded as being at infinity. Since a misfit dislocation cannot be regarded as 
a point defect but rather as a one-dimensional line defect, it is desirable to solve 
the problem in two dimensions perpendicular to the dislocation lines. In this way 
the dimension along the dislocation line is omitted and the misfit dislocations can 
be regarded as a point defect in the 2-dimensional system. This is justified by 
the symmetry of the problem in the ¿-direction. I consider low injection conditions 
and regard the semiconductor as a semi-infinite medium. Furthermore, it is assumed 
that the surface recombination (at y=0) is infinite; this is justified by time-dependent 
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photoluminescence experiments performed on the same type of samples as used in 
this study [3]. The scanning laser beam is assumed to generate carriers at a rate of 
g(f) per unit volume. 
I consider a dislocation located at the interface of the lattice mismatched layers 
represented by a region F where the minority-carrier lifetime [r'(r)] is lower than 
the lifetime τ in the defect-free bulk semiconductor; the latter is taken to be con­
stant throughout the layer. Because the semiconductor is n-type, the excess hole 
concentration has to be included and is given by the solution to the following steady 
state diffusion equation [1,4]: 
V'p(r-) - ~ ^ - ¿P(r-) = - ¿ S ( r ) + 7 ( r>( r>( r ) , (8.1) 
where D, L and μ are the minority-carrier diffusion coefficient, diffusion length and 
mobility respectively, E is the external electric field in the i-direction and u(f) is 
a function which is unity within the defect region F and zero outside. 7(f) is a 
positive function which has been called the strength of the defect and is given by 
^
=
 1D{W) - ?)= -m - ¿· ( 8 · 2 ) 
Eq. (8.1) may be solved by a Green's function approach [5] to give 
P ( f ) = h l v ЯІ?)0®?)*? - fF 7(Op(OG(r1f ')df ', (8.3) 
where V is the half plane y >0 and the Green's function for point excitation at 
(1', y') is obtained by the method of images [5] and is given by 
G(r lO = G(x, ylx', y') = 2exp ( ^ ( 1 - x')) [KQ(pJL") - K0(p2/L")}, (8.4) 
where K0(r) is the zeroth order modified Bessel function of the second kind and 
Pi = y/{x - x')2 + (2/ - y')2 and p2 = fie - x')2 + (у + У')2- (8-5) 
The Green's function of Eq. (8.4) is subject to the boundary condition G(f|f')|„
=
o=0 
which is due to the infinite surface recombination velocity. The effective diffusion 
length L" introduced in Eq. (8.4) is a result of the external electric field in combi­
nation with the diffusion length L: 
1
 -
 1
 + β Ε ί (RM 
L^-I2 + 2D- ( 8 · 6 ) 
The zeroth approximation of the solution to Eq. (8.3) is given by 
Poi?) = l5 Jv gif )G(r\f')df', (8.7) 
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which represents the minority carrier distribution in the semiconductor without a 
defect The first order solution to Eq (8 3) is then given by 
Рі{П = Po(f) - f 7(r')Po(r')G(r1r')dr' = p0(f) - pd(r), (8 8) 
JF 
where Pd{f) represents the change in hole concentration due to the presence of the 
misfit dislocation As the presence of the dislocation is expected to make only a 
small perturbation to the OBIC signal, higher order terms are not included in the 
present calculations Once the hole distribution is known, the current collected at 
a certain contact region 5 at the surface of the semiconductor can be calculated 
¡(ξ) = qDJ
s
 ^lv=odx = /o(fl - /d(fl, (8 9) 
where /Q(0 is the background current due to the homogeneous semiconductor and 
/d(£) is the current decrease caused by the dislocation, during laser beam excitation 
at χ = ξ In order to investigate the relative changes of OBIC signais, a contrast 
function 
Jd(0 
«ко = -/o(0 (8 10) 
is defined 
In order to simplify the analysis, it is assumed that (г) the exciting laser beam 
is a line source at χ = ξ, г e g(f) = goS(x — £)exp(—ay), where α is the attenuation 
coefficient, (гг) the dislocation may be regarded as a point defect at (xd,yd), ι e 
•у(f) = j6(xi)6(yd), and (ггг) the current contacts are point contacts at χ = с and 
χ = — с respectively I point out that these assumptions can be made because the 
aim of this chapter is to give only a qualitative explanation of the OBIC experiments 
With these assumptions, the expressions for the hole distributions and OBIC 
scans can be derived through straightforward algebra This results in 
po(r) = e x p ( ^ ( x - 0 ) ^ x 
Í Jo v , V ( Z - 0 2 + (Í /-¡ / ' )2 \ „ [yftp-W + lx + ïï Ко I jr. I - tf о I J7, dy' 
(8 11) 
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and 
pd(0 = e x p ( f f ( x - 0 ) ^ x 
\ K f У/ІХІ-ЗУ+Ы-У)2} _ к /у/(ха-х)г+(уа+у)2 
f Jo dy'. 
(8.12) 
The expressions for Ιο(ξ) and ¡¿(ξ) may be derived from Eqns. (8.11) and (8.12) 
with the aid of Eq. (8.9). For the sake of brevity they are omitted. The final 
expressions can be worked out using standard numerical methods. A result of our 
rather crude approach is that only relative changes [Eq. (8.10)] of the OBIC signal 
can be calculated. 
8.3 Theoretical results 
In order to compare the theoretical contrast functions with experimental OBIC 
scans, several parameters must be chosen. A realistic value of 400 cm2/Vs is taken for 
the hole mobility. A reasonable value of the corresponding hole diffusion coefficient 
is then 0.15 cm2/s. For the bulk hole lifetime a value of 1 με or shorter leads to a 
diffusion length smaller than 4 μτη. The values for 7 and go are not important in 
our study since only the contrast function [Eq. (8.10)] is considered, α is 12.5 μτη-1 
which corresponds to the absorption of the 488 nm line of an Ar+-laser in GaAs. 
8.3.1 Carrier distribution 
The distribution of the generated holes as given in Eq. (8.7) is shown in Fig. 8.2 for 
the case when no external electric field is applied. It is clear that the exciting laser 
beam acts as a source for the holes. Due to the infinite surface recombination, the 
distribution function for the excess holes peaks beneath the surface. In Fig. 8.3 the 
distribution of excess holes is shown along the excitation axis for various diffusion 
lengths in defect free material. The curves all show the peak beneath the surface 
although the variation is not as large as in the case of helium neon laser light 
absorbed in silicon [1]. This is mainly caused by the much higher value of α in 
GaAs. For L=4 μτη, which is a reasonable value for GaAs, the infinite diffusion 
length approximation may be used in the direction perpendicular to the surface. 
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Χ (μΐη) 
Figure 8.2 Excess hole distribution po(x, y) of a defect free semiconduc­
tor [Eq. (8 11)] with laser excitation at (0,0). The outer circles represent low 
concentrations. No external electric field is applied. 
Figure 8.3 Excess hole distribution along the axis of excitation in a defect 
free semiconductor [Eq. (8.11)] as a function of diffusion length. No external 
electric field is applied. 
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Figure 8.4 Excess hole distribution po(x, y) of a defect free semiconduc­
tor [Eq (8 11)] with laser excitation at (0,0) The outer circles represent low 
concentration An external electric field of 2 V/cm is applied 
If an electric field is applied (Fig 8 4), the hole distribution moves in the 
direction of this field At positions deeper into the layer the effect of the electric 
field is stronger, as is expected 
8.3.2 OBIC contrast 
In Fig 8 5 the influence of the externally applied electric field on the absolute OBIC 
signal is shown A higher electric field results in a higher OBIC current, indicating 
that electric fields are needed to improve the quality of the OBIC measurements 
In Fig 8 6 the calculated contrast functions [Eq (8 10)] are plotted as a function of 
electric field and diffusion length respectively As can be expected from Eq (8 6), 
the influence of both parameters is comparable an increasing electric field value 
diminishes the value of L" just as a decreasing value for L does At large values of E 
and small values of L, the OBIC contrast disappears This means that in bad quality 
material no OBIC signal can be expected and that the maximum value of the electric 
field is limited The reason for the disappearance of the OBIC contrast is that in both 
cases, the excess holes are not able to reach the dislocation Therefore, reasonably 
good material and an intermediate field value must be used in the experiments 
Another result is the change of position of the OBIC contract minimum when 
the electric field is increased or the diffusion length is decreased (see Fig 8 6) This 
shift is caused by the displacement of the hole distribution due to the field, as shown 
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Figure 8.5 Absolute OBIC signal of a defect free semiconductor as a func­
tion of an external electric field. 
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Figure 8.6 Calculated OBIC contrast [Eq. (8.10)] as a function of elec­
tric field (a) and diffusion length (b). The misfit dislocation is located at 
Xd=100 μια and 2.5 μτπ below the surface. In the case of (a) L=4 μιη. In the 
case of (b) E=2 V/cm. ξ is the scan position of the exciting laser beam. 
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in Fig. 8.4. As a result, the misfit dislocations that are at a position with a maximum 
value of the hole distribution have the strongest influence on the OBIC signal. From 
Fig. 8.4 it can be seen that, at a typical depth of 2.5 д т , this position is shifted 
in the direction of the field. This means that the influence of a certain dislocation 
is imaged when the laser excitation occurs at a position displaced in the direction 
opposite to the field. This explains the shift of the OBIC signals with respect to the 
dislocation position. 
The influence of the distance from the misfit dislocation to the surface, i.e. 
the thickness of the layer, is shown in Fig. 8.7. With increasing depth, the OBIC 
contrast shifts away from the dislocation position i j . This is again caused by the 
displacement of the hole distribution by the electric field which has stronger in­
fluence at larger depths (see Fig. 8.3). In addition, the peak becomes narrower 
with decreasing depth as the point-like character of the dislocation becomes more 
pronounced. 
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Figure 8.7 Calculated OBIC contrast as a function of dislocation depth y¿. 
Xd=100 μπι, E=2 V/cm, L=4 μιη. ξ is the scan position of the exciting laser 
beam. 
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8.4 Experimental OBIC contrast 
The samples used in this study have already been described in chapter 6. The ap­
paratus used to perform OBIC imaging was a PL microscope in which electrical 
wires could be connected to the sample. The optical part has been described else­
where [6]. The laser used in this experiment was an Ar+ laser, operating at λ=488 
nm. The spatial resolution of the system was 1 μτη [6]. The OBIC current was 
measured using standard lock-in techniques. Additional PL scans were recorded 
at the donor-acceptor transition energy. The temperature during all measurements 
was 4.2 K. 
The OBIC image of an (In,Ga)As on GaAs layer is shown in Fig. 8.8. In this 
compressive system, two parallel dislocation lines can be clearly observed as minima 
of the OBIC signal superimposed upon a background current. The corresponding 
contrast function of one of the dislocations is plotted in Fig. 8.9, together with a PL 
scan across the dislocation. A typical OBIC contrast result and the corresponding 
PL scan for the system under tensile strain [GaAs on (In,Ga)As] is shown in Fig. 8.10. 
It can be clearly seen that in both cases, the positions of the OBIC minimum is 
Figure 8.8 Measured OBIC image of an Іпо.омСао.ээбАз layer grown on 
GaAs. Thickness is 2 μιη, E=2 V/cm. The 2-direction corresponds with the 
[Oil] direction. 
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Figure 8.9 Measured OBIC contrast function derived from Fig. 8.8. The 
dislocation lies in the [Oil] direction. The dashed line is a PL scan over the 
same area, ξ is the scan position of the exciting laser beam. 
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Figure 8.10 Measured OBIC contrast function of 
a GaAs on Ino.oc^Gao.ggeAs layer. Thickness is 4.4 μπι, E=2 V/cm. The 
dislocation lies in the [Oil] direction. The dashed line is a PL scan over the 
same area, ξ is the scan position of the exciting laser beam. 
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shifted with respect to the minimum of the PL peaks, which represent the exact 
positions of the dislocation lines. In both cases the shift is in the direction predicted 
by theory. The shift can be explained by the influence of the electric field as shown 
in Fig. 8.6a. The fact that the shift is larger in the case of Fig. 8.10 is due to the 
difference in layer thickness (4.4 /ші vs. 2.5 μπι) and is explained in Fig. 8.7. 
Within the accuracy of the experiment no observable difference between the 
dislocation lines in both (Oil) directions can be observed. I believe that there 
are two reasons that no opto-electronic asymmetry can be observed in this OBIC 
study. The first is that the OBIC imaging presented in this work is a rather indirect 
measurement technique and therefore, the sensitivity of the method is lower than 
with other techniques such as PL imaging and DSL etching. The second is that only 
a few samples have been investigated so far. In the future, more experiments will 
be used to study the exact influence of the asymmetry on the OBIC experiments. 
It must be noted that it is very difficult to include the opto-electronic asymmetry in 
the diffusion equation (8.1). The accompanying depletion effects can be simulated 
by taking a varying electric field around the dislocation lines. In that case, however, 
Eq. (8.1) becomes extremely difficult and cannot be solved by the method presented 
in this chapter. 
Despite the rather crude assumptions in the theory presented in this chapter, 
a qualitative agreement between model and experiment is found. A more realistic 
situation with the generation function as an Airy disk spot, a dislocation line with 
a certain finite diameter and real contacts with a finite surface will enable a more 
quantitative analysis to be performed. However, this goes beyond the aim of this 
chapter, which is to give a physical idea of the effect of misfit dislocations on OBIC 
imaging. 
8.5 Summary and Conclusions 
It has been shown that planar OBIC images across misfit dislocations in GaAs/-
(In,Ga)As heterostructures can be qualitatively explained on basis of the diffusion 
of minority carriers in two dimensions perpendicular to the dislocations. The re­
sults can theoretically be explained by assuming a locally increased recombination 
rate of charge carriers at the dislocation area. Experimentally, comparable OBIC 
contrast scans have been observed for both tensile and compressive strain systems. 
The OBIC contrast region is slightly shifted with respect to the dislocation position. 
No difference between the dislocation cores in both dislocation directions has been 
observed, in contrast to the opto-electronic asymmetry between both directions ob­
served with other techniques. In view of the rather crude assumptions, a deeper 
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analysis of the diffusion process and more experiments with stronger variation of 
parameters are needed to describe the OBIC experiments in a more quantitative 
way. 
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Summary 
This thesis describes the influence of two different sorts of lattice imperfections 
on the physical properties of III-V semiconductors, viz. DX centres and line defects. 
The DX centre in GaAs is the subject of the first part. It is an electron 
state of a substitutional donor which means that it is always present in n-type 
GaAs and related compounds. The occupation of DX centres is accompanied by a 
lattice relaxation of the donor atom which causes thermal energy barriers for electron 
capture and emission by the DX centre. The application of hydrostatic pressure 
shifts the DX level towards the Fermi level. By varying pressure and temperature, 
the occupation, capture and emission processes of DX centres have been studied by 
magnetotransport experiments. 
Chapter 2 deals with the energy positions and energy barriers of the Si, Sn 
and Te DX centres. It is shown that the Sn DX centre exhibits a small emission 
barrier energy (and thus a small lattice relaxation) compared to the Si DX centre. 
The Te DX level is shown to lie at an extremely high energy position. Therefore, 
it is concluded that Te is the most suitable donor for heavily doped n-GaAs since it 
enables a much higher free carrier concentration to be obtained than other donors. 
The germanium donor in GaAs is discussed in chapter 3. Ge is a donor which 
behaves anomalously in several ways. The energy of its DX centre is shown to be 
extremely low. Furthermore, the coexistence of the DX centre and the deep Al 
level is observed for the first time. This Л1 level, which does not cause a lattice 
distortion, has not been observed before in heavily doped n-GaAs: however, its 
presence in GaAs:Ge indicates that it must also be present when other dopants are 
used. Due to the Л1 level, three differently charged states of the donor are present 
in Ge-doped GaAs: the ionised donor state (positively charged), the occupied Al 
level (neutral) and the occupied DX centre (negatively charged). An elegant and 
unambiguous proof for the charge state of the DX centre has been obtained from the 
mobility behaviour during depopulation of the Ge DX centres at different pressures. 
Finally, the value of the electron emission barrier is shown to be between those of 
the Si and Sn DX centre and independent of pressure. 
Finally, the influence of spatial correlations between charged centres on the 
electron mobility is investigated in chapter 4. The pressure induced coexistence of 
occupied DX centres (negatively charged) and ionised donors (positively charged) 
causes an increase in mobility due to spatial ordering via Coulomb interactions. 
Calculations of the absolute mobility obtained with Monte Carlo simulations show 
that only a negatively charged DX centre can explain the experimental results. 
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The mobility calculations presented in this chapter are the first that include both 
compensation and the energy barriers of DX centres which are related to the tem­
perature at which the electrons "freeze onto" the DX centres. 
In the second part of this thesis line defects in GaAs and In
x
Gai_
x
As are 
studied using microscopic techniques. Chapter 5 shows examples of the possibilities 
of spatially resolved PhotoLuminescence (PL) imaging in the investigation of local 
compositional variations around grown-in and glide defects in LEG Si doped GaAs. 
It is shown that both types of defects behave differently in As-rich and Ga-rich grown 
material. In As-rich material ASQ» is shown to be responsible for the decrease of PL 
intensity around defects. In addition, an enhanced Sioa concentration which is only 
present at grown-in dislocations and start-points of glide defects is explained by the 
low diffusivity of Si in GaAs below the melt temperature. The slight decrease of 
PL intensity around defects in Ga-rich grown GaAs is attributed to Сад,, defects. 
The enhanced Sica concentration in this material is also observed at end-points of 
glide-defects. This is explained by a higher diffusivity of Si in Ga-rich GaAs due to 
enhanced concentrations of vacancies. Finally, the trace of the glide defect is shown 
to be formed by AsQa for both As- and Ga-rich grown material. 
The three final chapters describe the influence of misfit dislocations on the 
opto-electronic properties of GaAs and In
x
Gai_
x
As. In chapter 6 the relaxation 
of strain by the formation of misfit dislocations in lattice mismatched GaAs layers 
grown on [100] In
x
Gai_
x
As substrates is discussed. If the thickness of such layers 
exceeds a critical value, the strain can not be elastically accommodated any more 
and misfit dislocations are formed. It is shown that this critical value is in good 
agreement with the energy balance model in the region of very small misfit. 
Spatially resolved PL measurements on misfit dislocations in GaAs on In
x
-
Gai_
x
As and In
x
Gai_
x
As on GaAs systems are presented in chapter 7. The dislo­
cations are shown to yield a lower PL intensity due to the presence of PL killers. In 
addition, an opto-electronic asymmetry for both orthogonal dislocation directions 
is observed and explained by assuming a different core for the dislocations in both 
directions. 
Finally, a two-dimensional Optical Beam Induced Current (OBIC) model is 
proposed to explain the experimentally observed OBIC contrast. Both dimensions 
are perpendicular to the misfit dislocation line and the dislocation itself is regarded 
as a point defect with a locally enhanced recombination rate. By solving the two-
dimensional diffusion equation using a Green's function approach, the OBIC exper­
iments have been qualitatively explained. 
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Samenvatting 
Dit proefschrift beschrijft de invloed van twee soorten roosterfouten op de 
fysische eigenschappen van III-V halfgeleiders, namelijk DX centra en lijndefecten. 
Het DX centrum in GaAs vormt het onderwerp voor het eerste gedeelte van 
het proefschrift. Het is een elektron toestand van een substitutionele donor, wat 
inhoudt dat het altijd aanwezig is in n-type GaAs en aanverwante verbindingen. De 
bezetting van DX centra gaat gepaard met een roosterverschuiving van het donor 
atoom hetgeen een thermische energiebarriëre veroorzaakt voor elektron invang en 
uitzending door het DX centrum. Door hydrostatische druk op GaAs te zetten, 
schuift het DX niveau naar het Fermi niveau toe. Door middel van variaties van 
druk en temperatuur in magnetotransport experimenten zijn de bezetting, invang-
en uitzendprocessen van DX centra bestudeerd. 
Hoofdstuk 2 handelt over de energie posities en energiebarriëres van de Si, Sn 
en Te DX centra. Aangetoond wordt dat het Sn DX centrum een kleine uitzend-
barriëre energie -en dus een kleinere roosterverschuiving- teweeg brengt vergeleken 
met het Si DX centrum. Ook wordt aangetoond dat de energie positie van het 
Te DX centrum extreem laag ligt. Daarom wordt geconcludeerd dat Te de meest 
geschikte donor is voor zwaar gedoteerd n-GaAs omdat het een veel hogere vrije 
ladingsdragersconcentratie mogelijk maakt dan andere donoren. 
In hoofdstuk 3 wordt de Ge donor in GaAs behandeld. Ge als donor gedraagt 
zich in verschillende opzichten vreemd. Aangetoond wordt dat de energie positie van 
zijn DX centrum extreem laag ligt. Verder is het voor de eerste dat keer aangetoond 
wordt dat het DX centrum en het diepe A\ niveau naast elkaar bestaan. Dit A\ 
niveau, dat geen rooster verstoring veroorzaakt, is nog niet eerder waargenomen 
in zwaar gedoteerd n-GaAs: zijn aanwezigheid in GaAs:Ge geeft aan dat het ook 
aanwezig moet zijn als andere donoren gebruikt worden. Door de aanwezigheid van 
het A\ niveau zijn er drie verschillende ladingstoestanden van de donor aanwezig in 
Ge gedoteerd GaAs, te weten: de geïoniseerde donor toestand (positief geladen), het 
bezette Л1 niveau (neutraal) en het bezette DX centrum (negatief geladen). Een 
elegant bewijs voor de ladingstoestand van het DX centrum is verkregen uit het 
mobiliteitsgedrag tijdens de ontvolking van DX centra onder verschillende drukken. 
Als laatste is aangetoond dat de waarde voor de uitzendbarriëre energie van het Ge 
DX centrum tussen die van het Si en Sn DX centrum in ligt en druk onafhankelijk 
is. 
Tenslotte wordt in hoofdstuk 4 de invloed van ruimtelijke correlaties tussen 
geladen deeltjes op de absolute elektronen mobiliteit onderzocht. Het feit dat er 
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onder druk bezette DX centra (negatief geladen) en geïoniseerde donoren (posi-
tief geladen) naast elkaar bestaan, veroorzaakt een toename van de mobiliteit door 
ruimtelijke ordening via Coulomb wisselwerkingen. Berekeningen van de absolute 
mobiliteit, verkregen door Monte Carlo simulaties van de ordening, tonen aan dat 
slechts een negatief geladen DX centrum de experimentele resultaten kan verklaren. 
De berekeningen zoals gepresenteerd in dit hoofdstuk zijn de eerste die zowel reke-
ning houden met zelfcompensatie door de donoren als met de energie barrieres van 
DX centra die gerelateerd zijn aan de temperatuur waarop de DX centra ingevroren 
worden. 
In het tweede gedeelte van dit proefschrift worden lijndefecten in GaAs en 
InxGai_xAs bestudeerd met microscopische technieken. Hoofdstuk 5 laat voor-
beelden zien van de mogelijkheden van plaatsopgeloste FotoLuminescentie (FL) om 
de plaatselijke variatie van de materiaalsamenstelling te onderzoeken rond ingegroei-
de- en glijdefecten in LEC Si gedoteerd GaAs. Aangetoond wordt dat beide types 
defecten zich verschillend gedragen in As-rijk en Ga-rijk gegroeid materiaal. Er 
wordt aangetoond dat Аза
а
 verantwoordelijk is voor de afname van FL intensiteit 
rond de defecten in As-rijk materiaal. Verder wordt een plaatselijke toename van 
de Sic» concentratie, die aanwezig is rond ingegroeide defecten en begin punten van 
glijdefecten, verklaard door de langzame diffusie van Si in GaAs beneden de smelt-
temperatuur. De lichte afname van FL intensiteit rond defecten in Ga-rijk gegroeid 
GaAs wordt toegeschreven aan Сада defecten. De plaatselijke toename van de Sica 
concentratie is in dit materiaal ook waargenomen op de eindpunten van glijdefecten. 
Dit wordt verklaard doordat de diffusie van Si in Ga-rijk GaAs hoger is door een toe­
name van de vacature concentratie. Tenslotte wordt gedemonstreerd dat het spoor 
van glijdefecten in zowel As-rijk als Ga-rijk materiaal wordt gevormd door ASQ»-
De drie laatste hoofdstukken beschrijven de invloed van misfitdislocaties op 
de opto-elektronische eigenschappen van GaAs en InxGai-xAs. Door het verschil in 
roosterconstante van beide materialen ontstaat er spanning in de gegroeide laag. In 
hoofdstuk 6 wordt de ontlasting van deze spanning in GaAs lagen gegroeid op [100] 
In
x
Gai_
x
As behandeld, die veroorzaakt wordt door de vorming van misfitdislocaties. 
Als de dikte van zulke lagen een kritische waarde overschrijdt, kan de spanning niet 
meer elastisch opgevangen worden en ontstaan er misfitdislocaties. Aangetoond 
wordt dat deze kritische waarde in overeenstemming is met het energiebalans model 
in het gebied van zeer kleine misfit. 
Plaatsopgeloste FL metingen aan misfitdislocaties in GaAs op In
x
Gai_
x
As en 
In
x
Gai_
x
As op GaAs systemen worden gepresenteerd in hoofdstuk 7. De dislocaties 
blijken een verlaagde FL intensiteit te geven door de aanwezigheid van FL killers. 
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Tevens wordt een opto-elektronische asymmetrie voor beide orthogonale dislocatie 
richtingen waargenomen. Deze wordt verklaard door een verschil in kern van de 
dislocaties in beide richtingen te veronderstellen. 
Als laatste wordt een twee-dimensionaal Optische Bundel Gegenereerde Stroom 
(OBGS) model gepresenteerd om de experimenteel waargenomen OBGS contrasten 
te verklaren. Beide dimensies staan loodrecht op de misfitdislocatie lijn en de dis-
locatie zelf wordt beschouwd als een puntdefect met een plaatselijk verhoogde re-
combinatie snelheid. De OBGS experimenten worden kwalitatief verklaard door 
de twee-dimensionale diffusie vergelijking op te lossen met een Greense functie me-
thode. 
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